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Nitriding is a surface hardening technique commonly applied to transmission gears for 
improved fatigue resistance. Steel alloys used for nitrided transmission components often do not 
have optimized compositions and thermal processing routes to maximize fatigue performance 
after nitriding. Furthermore, significant cost and processing time savings could be realized if 
nitriding could be performed without first heat treating to form tempered martensite. Additions 
of vanadium (V) and silicon (Si) to a series of experimental medium carbon steels were 
evaluated in order to improve fatigue performance after nitriding. 
ThermoCalc© simulations were used to design the compositions of four medium carbon 
steels based on a full factorial matrix of two levels of Si (0.7 and 1.5 wt pct) and two levels of V 
(0.1 and 0.23 wt pct). Each alloy was heat treated to form tempered martensite, which is common 
industrial practice. The alloys were also heat treated to form bainite, which is consistent with the 
microstructure commonly observed in the as-forged condition in medium carbon steels used for 
nitriding. The bainite conditions were also tempered prior to nitriding. Gas nitriding was 
performed on all four alloys with bainite and martensite microstructures. 
 Higher V contents result in higher core and case hardness values primarily by increasing 
the volume fraction and resulting precipitation strengthening of MX precipitates. Higher Si 
contents result in higher core hardness values primarily by increased solid solution 
strengthening; refinement of cementite size and grain size is also observed in bainite 
microstructures. Increased Si contents result in higher case hardness values due to increased 
precipitation strengthening from higher volume fractions of (Si,Mn) nitrides in addition to the 
strengthening mechanisms observed in the core. Higher V and Si contents both lead to greater 
magnitudes of compressive residual stress after nitriding due to increases in the volume fractions 
of MX and (Si,Mn) nitrides, respectively. 
Cantilever bending fatigue testing was performed on nitrided specimens and specimens 
that simulate the core microstructure after nitriding. The distribution of applied and residual 
stresses near the surface of nitrided fatigue specimens was analyzed to determine vulnerable 
regions of crack initiation. The analysis correlated with experimentally observed failure 
locations. Increases in V and Si content lead to higher core hardness and higher core fatigue 
strength, which increase the applied stress needed for subsurface fatigue crack initiation. 
 iv 
Increases in V and Si content also increase the magnitude of compressive residual stress, which 
increases the applied stress needed for surface initiated failure. The combination of increases in 
core fatigue strength and increases in the magnitude of compressive residual stress from higher V 
and Si contents result in superior fatigue performance after nitriding compared to other nitrided 
medium carbon steels reported in literature. The improvements in fatigue performance by 
alloying with V and Si may allow for nitriding to be performed in the as-forged condition 
resulting in decreased costs and processing time.  
 v 
TABLE OF CONTENTS 
 
ABSTRACT ……………………………………………………………………………………...iii 
LIST OF FIGURES ........................................................................................................................ x 
LIST OF TABLES ........................................................................................................................ xx 
ACKNOWLEDGEMENTS ......................................................................................................... xxi 
CHAPTER 1 INTRODUCTION .................................................................................................... 1 
1.1 Research Questions ....................................................................................... 1 
1.2 Dissertation Outline ....................................................................................... 2 
1.3 References Cited ........................................................................................... 3 
CHAPTER 2 BACKGROUND AND LITERATURE REVIEW .................................................. 4 
2.1 Nitriding Background .................................................................................... 4 
2.2 Fatigue Background ...................................................................................... 6 
2.3 Dominant Failure Mode Observed During Fatigue Testing of Nitrided 
Medium Carbon Steels .................................................................................. 8 
2.4 Influences of Alloying Elements on Nitriding Characteristics ..................... 9 
2.5 Selection of Alloying Elements for Further Investigation .......................... 17 
2.6 References Cited ......................................................................................... 17 
CHAPTER 3 DESIGN AND MANUFACTURING OF EXPERIMENTAL ALLOYS ............. 20 
3.1 Experimental Procedures ............................................................................. 20 
3.1.1 ThermoCalc© Simulations .............................................................. 20 
3.1.2 Dilatometry ...................................................................................... 20 
3.1.3 Electrochemical Dissolution ........................................................... 21 
3.1.4 Metallography ................................................................................. 22 
3.1.5 Laboratory Heat Treatments to Simulate Core Microstructures ..... 23 
3.1.6 Hardness Testing ............................................................................. 24 
3.2 Results ......................................................................................................... 24 
3.2.1 Development of Target Compositions ............................................ 24 
3.2.2 Alloy Production ............................................................................. 26 
3.2.3 Selection of Austenitizing Temperature .......................................... 29 
 vi 
3.2.4 Determination of Bainite Transformation Temperatures ................ 32 
3.2.5 Hardness after Tempering and Nitriding Thermal Cycle ................ 32 
3.3 References Cited ......................................................................................... 36 
CHAPTER 4 A QUANTITATIVE EVALUATION OF MICROALLOY PRECIPITATION 
STRENGTHENING IN MARTENSITE AND BAINITE ..................................... 37 
4.1 Introduction ................................................................................................. 37 
4.2 Materials and Methods ................................................................................ 38 
4.2.1 Alloy Compositions and Heat Treatments ...................................... 39 
4.2.2 ThermoCalc© Simulations .............................................................. 39 
4.2.3 Scanning Electron Microscopy (SEM) ........................................... 39 
4.2.4 Electron Backscatter Diffraction (EBSD) ....................................... 40 
4.2.5 Transmission Electron Microscopy (TEM) ..................................... 40 
4.2.6 X-ray Diffraction (XRD) ................................................................. 43 
4.2.7 Hardness Testing ............................................................................. 45 
4.3 Results ......................................................................................................... 45 
4.3.1 Hardness after Tempering ............................................................... 45 
4.3.2 MX Volume Fraction Measurements .............................................. 47 
4.3.3 Dislocation Density ......................................................................... 49 
4.3.4 Cementite Size ................................................................................. 51 
4.3.5 Subgrain Size ................................................................................... 52 
4.4 Discussion ................................................................................................... 54 
4.4.1 Hardness Predictions from a Microstructure Based Model ............ 54 
4.4.2 Strengthening Mechanisms in Secondary Hardening ..................... 57 
4.5 Conclusions ................................................................................................. 58 
4.6 References Cited ......................................................................................... 59 
CHAPTER 5 STRENGTHENING MECHANISMS INFLUENCED BY SILICON IN HIGH 
TEMPERATURE TEMPERED MARTENSITE AND BAINITE ......................... 62 
5.1 Introduction ................................................................................................. 62 
5.2 Materials and Methods ................................................................................ 63 
5.2.1 Alloy Compositions and Heat Treatments ...................................... 64 
 vii 
5.2.2 Hardness Testing ............................................................................. 64 
5.3 Results ......................................................................................................... 64 
5.3.1 Hardness after Tempering ............................................................... 64 
5.3.2 Dislocation Density ......................................................................... 66 
5.3.3 Subgrain Size ................................................................................... 67 
5.3.4 Cementite Size ................................................................................. 68 
5.3.5 MX Volume Fraction Measurements .............................................. 71 
5.4 Discussion ................................................................................................... 71 
5.4.1 Hardness Predictions from a Microstructure Based Model ............ 71 
5.4.2 Effect of Si Content on Subgrain Size ............................................ 74 
5.4.3 Effects of Si Content on Cementite Size ......................................... 75 
5.4.4 Effects of Si Content on Dislocation Density ................................. 81 
5.5 Conclusions ................................................................................................. 83 
5.6 References Cited ......................................................................................... 84 
CHAPTER 6 INFLUENCES OF VANADIUM AND SILICON CONTENT ON MAXIMUM 
CASE HARDNESS AND RESIDUAL STRESS OF NITRIDED                                                
MEDIUM CARBON BAR STEELS ...................................................................... 87 
6.1 Introduction ................................................................................................. 87 
6.2 Materials and Methods ................................................................................ 90 
6.2.1 Alloy Compositions and Heat Treatments ...................................... 90 
6.2.2 ThermoCalc© Simulations .............................................................. 91 
6.2.3 Conventional Transmission Electron Microscopy (CTEM) ........... 91 
6.2.4 Scanning Transmission Electron Microscopy (STEM)................... 92 
6.2.5 X-ray Diffraction (XRD) ................................................................. 92 
6.2.6 Hardness Testing ............................................................................. 93 
6.3 Results ......................................................................................................... 93 
6.3.1 Maximum Case Hardness ................................................................ 93 
6.3.2 Surface Residual Stress ................................................................... 94 
6.3.3 Subgrain Size ................................................................................... 95 
6.3.4 Cementite Size ................................................................................. 97 
 viii 
6.3.5 MX Precipitation ............................................................................. 99 
6.3.6 Amorphous Nitride Precipitation .................................................. 101 
6.3.7 Dislocation Density ....................................................................... 106 
6.4 Discussion ................................................................................................. 108 
6.4.1 Hardness Predictions from a Microstructure Based Model .......... 108 
6.4.2 Effects of Nitride Precipitation on Residual Stress ....................... 111 
6.4.3 Comparison of Observed Strengthening from V and Si to Literature 
Data ............................................................................................... 112 
6.4.4 Industrial Implications of Improved Nitriding Characteristics ..... 114 
6.5 Conclusions ............................................................................................... 115 
6.6 References Cited ....................................................................................... 116 
CHAPTER 7 ENHANCED FATIGUE PERFORMANCE OF VANADIUM AND SILICON 
ALLOYED MEDIUM CARBON STEELS AFTER NITRIDING THROUGH 
INCREASED CORE FATIGUE STRENGTH AND COMPRESSIVE    
RESIDUAL STRESS ............................................................................................ 119 
7.1 Introduction ............................................................................................... 119 
7.2 Materials and Methods .............................................................................. 122 
7.2.1 Alloy Compositions and Heat Treatments .................................... 123 
7.2.2 Fatigue Testing .............................................................................. 123 
7.2.3 Scanning Electron Microscopy (SEM) ......................................... 124 
7.2.4 Hardness Testing ........................................................................... 124 
7.2.5 X-ray Diffraction (XRD) Residual Stress Measurements ............. 125 
7.3 Results ....................................................................................................... 126 
7.3.1 Hardness After Nitriding ............................................................... 126 
7.3.2 Fatigue Performance ..................................................................... 128 
7.3.3 Fractography .................................................................................. 129 
7.4 Discussion ................................................................................................. 133 
7.4.1 Influences of Residual Stress and Core Fatigue Strength on    
Fatigue Strength after Nitriding .................................................... 133 
7.4.2 Comparison of Fatigue Performance to Literature Data ............... 138 
7.4.3 Industrial Implications of Improved Fatigue Performance from        
V and Si Alloying .......................................................................... 142 
 ix 
7.5 Conclusions ............................................................................................... 142 
7.6 References Cited ....................................................................................... 143 
CHAPTER 8 STRENGTHENING MECHANSIMS AND FATIGE STRENGTH OF CORE 
MICROSTRUCTURES ........................................................................................ 146 
8.1 Microstructure Based Hardness Model for Core Regions after Nitriding. 146 
8.2 Correlations of Strengthening Mechanisms to Increases in Core Fatigue 
Strength ..................................................................................................... 150 
8.3 References Cited ....................................................................................... 152 
CHAPTER 9 SUMMARY & CONCLUSIONS......................................................................... 153 
CHAPTER 10 FUTURE WORK ............................................................................................... 156 
APPENDIX A HARDNESS PROFILES AFTER NITRIDING ................................................ 158 
APPENDIX B RESIDUAL STRESS PROFILES AFTER NITRIDING .................................. 161 
APPENDIX C FATIGUE DATA ............................................................................................... 163 
APPENDIX D MICROSTRUCTURAL DATA USED FOR HARDNESS MODELS ............. 166 
APPENDIX E CALCULATIONS OF K VALUES FROM INCLUSION INITIATED 




LIST OF FIGURES 
 
Figure 2.1  Graphical illustration of hardness and microstructure gradients below the surface 
after nitriding [2.5]. ...................................................................................................... 5 
Figure 2.2  Schematic illustration of the stages of fatigue failure. The applied stress axis in the 
illustration is vertical [2.8]. .......................................................................................... 7 
Figure 2.3  Profile of net stresses below the surface of AISI 15B21H plasma nitrided at 480 °C 
for 24 h with various applied bending stresses [2.14]. Net stress is the sum of the 
applied bending stress and the residual stress from nitriding. By convention, 
compression is negative. ............................................................................................ 10 
Figure 2.4  SEM micrograph of a bending fatigue specimen of AISI 4140 that was ion nitrided  
at 475 °C for 8 h and failed after 3.9 x 106 cycles at a stress amplitude of 900 MPa 
adapted from Genel et al. [2.10]. The arrow points to a nonmetallic inclusion in the 
core that initiated subsurface failure. The case depth is indicated by a double-sided 
arrow. ......................................................................................................................... 10 
Figure 2.5  The change in maximum hardness of the nitride case as a function of (a) aluminum, 
(b) chromium, (c) niobium, and (d) titanium content. The change in maximum case 
hardness is referenced to the condition with the lowest alloy content for each data  
set. Data taken from Tomio et al. [2.18], Miyamoto et al. (2005) [2.19],       
Miyamoto et al. (2015) [2.20], Urao et al. [2.21], and Ronay [2.22]. ....................... 11 
Figure 2.6  The change in maximum hardness of the nitride case as a function of (a) vanadium 
(b) molybdenum, (c) manganese, and (d) silicon content. The change in maximum 
case hardness is referenced to the condition with the lowest alloy content for each 
data set. Data taken from Tomio et al. [2.18], Miyamoto et al. (2005) [2.19], 
Miyamoto et al. (2015) [2.20], Urao et al. [2.21], Schwarz et al. [2.23], Lebedeva 
[2.24], Hirukawa et al. [2.25], Riofano et al. [2.26], and Takase et al. [2.27]. ......... 12 
Figure 2.7  TEM CDF micrograph of V and Cr containing nitrides in a Fe-1Cr-0.5V alloy   
plasma nitrided at 550 °C for 16 h adapted from Miyamoto et al. [2.20]. A selected 
area diffraction pattern is shown in the inset. The arrow in the micrograph     
indicates the operative g vector used to form the micrograph. .................................. 13 
Figure 2.8  The case depth as a function of (a) aluminum, (b) chromium, (c) niobium, and (d) 
titanium content. The change in case depth is referenced to the condition with the 
lowest alloy content for each data set. Data taken from Tomio et al. [2.18], 
Miyamoto et al. (2005) [2.19], Miyamoto et al. (2015) [2.20], Urao et al. [2.21],    
and Ronay [2.22]. ....................................................................................................... 15 
Figure 2.9  The change in case depth as a function of (a) vanadium (b) molybdenum, (c) 
manganese, and (d) silicon content. The change in case depth is referenced to the 
condition with the lowest alloy content for each data set. Data taken from Tomio et 
al. [2.18], Miyamoto et al. (2005) [2.19], Miyamoto et al. (2015) [2.20], Urao et al. 
 xi 
[2.21], Lebedeva [2.24] Hirukawa et al. [2.24], Riofano et al. [2.26], and           
Takase et al. [2.27]. .................................................................................................... 16 
Figure 3.1  Graphical illustration of the determination of the Ms temperature from dilatometry 
data. The data shown are from a specimen of LoSiLoV. ........................................... 21 
Figure 3.2  Schematic diagram of the upset forging process that was conducted by Solmet on 
ingots after VIM. The ingots were reheated to a temperature of 1200 °C – 1250 °C 
prior to upset forging. ................................................................................................ 27 
Figure 3.3  Schematic diagram of the first draw forging process conducted by Solmet after    
upset forging. The cylindrical ingots from upset forging were draw forged into an 
elongated bar with a rectangular cross-section. The center of the cylindrical ingot 
from VIM corresponded to the center of the rectangular cross section. .................... 28 
Figure 3.4  Schematic diagram of the cutting process conducted by Solmet after the first draw 
forging step. Each rectangular shape ingot was cooled to room temperature and   
band saw cut into three equal length pieces. .............................................................. 28 
Figure 3.5  Schematic diagram of the final draw forging process conducted by Solmet. All  
pieces of each of the alloys were reheated to 1200 °C – 1250 °C and draw forged     
as shown. .................................................................................................................... 29 
Figure 3.6  Schematic showing the location of sample blanks that were machined out of the   
draw forged bars of each alloy. A total of 96 samples were machined for each     
alloy. ........................................................................................................................... 29 
Figure 3.7  Hardness after tempering and after tempering + the simulated nitriding thermal    
cycle of 525°C for 18h for (a) LoSiLoV, (b) LoSiHiV, (c) HiSiLoV, (d) HiSiHiV 
with a martensite starting microstructure. Each symbol represents the mean of 36 
indents, and the bars represent 95 pct CLs calculated with pooled standard 
deviations. .................................................................................................................. 34 
Figure 3.8  Hardness after tempering and after tempering + the simulated nitriding thermal    
cycle of 525°C for 18h for (a) LoSiLoV, (b) LoSiHiV, (c) HiSiLoV, (d) HiSiHiV 
with a bainite starting microstructure. Each symbol represents the mean of 36 
measurements, and the bars represent 95 pct CLs calculated with pooled standard 
deviations. .................................................................................................................. 35 
Figure 3.9  Hardness after tempering and after tempering + the simulated nitriding thermal    
cycle of 525°C for 18h for (a) LoSiLoV-Cr martensite and (b) LoSiLoV-Cr      
bainite. Symbol represents the mean of 36 measurements, and the bars represent     
95 pct CLs. ................................................................................................................. 36 
Figure 4.1   Schematic SADP of a [100] zone in ferrite showing three variants of MX with the 
Baker-Nutting orientation relationship and two variants of Fe304. Adapted from 
[4.20]. ......................................................................................................................... 41 
 xii 
Figure 4.2  Representative example of a TEM sample thickness measurement using the CBED 
technique. (a) K-M pattern obtained from a sample of high V bainite tempered at 
500 °C for 1 h. (b) Plot of measurements from the K-M pattern used to determine 
sample thickness. ....................................................................................................... 43 
Figure 4.3  Representative example of a Modified Williamson-Hall plot used to evaluate 
dislocation density from line broadening in XRD. The data shown are for low V 
martensite tempered at 500 °C for 1 h ....................................................................... 44 
Figure 4.4   Hardness as a function of tempering temperature for low V and high V alloys with   
a (a) martensite microstructure and (b) bainite microstructure. (c) Increase in 
hardness from an increase in V content, taken as the difference between low V and 
high V alloys, as a function of tempering temperature. The symbols represent the 
mean of 30 measurements, and the bars are 95 pct confidence limits (CLs). 
Tempering was performed for 1 h. ............................................................................ 46 
Figure 4.5  Volume fraction of 1 out of 3 variants of MX determined by TEM as a function of   
V content for martensite and bainite tempered at (a) 500 ºC for 1 h, and (b) 650 ºC 
for 1 h. Symbols represent the mean of 6 measurements, each taken on a single 
variant of MX from a field of view at approximately 200,000 X. The error bars 
represent 95 pct CLs. Note that the scale is different between (a) and (b). ............... 47 
Figure 4.6  (a) TEM BF and (b) CDF micrographs of high V bainite tempered at 500 ºC for 1 h. 
The SADP in the inset of (b) shows the location of the objective aperture during  
CDF imaging by the location of the arrow. Arrows in the BF and CDF     
micrographs point to arrays of MX precipitates at dislocations. ............................... 49 
Figure 4.7  (a)(c) TEM BF and (b)(d) CDF micrographs of high V bainite tempered at 650 ºC  
for 1 h. (a)(b) and (c)(d) are BF/CDF pairs. The CDF micrographs in (b) and (d) 
illuminate two different variants of MX precipitates in the same field of view. The 
SADPs in the inset of (b) and (c) show the location of the objective aperture during 
CDF imaging by the location of an arrow. Arrows in the BF/CDF pairs point to 
arrays of MX precipitates at dislocations. .................................................................. 50 
Figure 4.8  Dislocation density determined by XRD as a function of V content for bainite and 
martensite tempered at (a) 500 ºC for 1 h and (b) 650 ºC for 1 h. Symbols     
represent the mean of 3 measurements. The bars represent 95 pct CLs. ................... 51 
Figure 4.9  Representative SEM micrographs of (a) low V bainite tempered at 500 °C for 1 h,  
(b) low V martensite tempered at 500 °C for 1 h, (c) low V bainite tempered at 
650 °C for 1 h, and (c) low V martensite tempered at 650 °C for 1 h. No     
significant effect of V on cementite size was observed. Samples etched with 1 pct 
nital. ........................................................................................................................... 52 
Figure 4.10  Representative EBSD subgrain maps of (a) low V bainite tempered at 500 °C for     
1 h, (b) low V martensite tempered at 500 °C for 1 h, (c) low V bainite tempered      
at 650 °C for 1 h, and (c) low V martensite tempered at 650 °C for 1 h. No 
significant effect of V content on subgrain size was observed. A subgrain is     
 xiii 
defined by a boundary of 1° misorientation or greater. ............................................. 53 
Figure 4.11  Values of a strength model and measured results for the increase in hardness from 
an increase in V content in martensite and bainite tempered at (a) 500 ºC for 1 h    
and (b) 650 ºC for 1 h. The error bars represent 95 pct CLs. Values are based on 
differences in hardness and microstructural features between low and high V    
alloys. ......................................................................................................................... 56 
Figure 5.1  Hardness as a function of tempering temperature for low and high Si alloys with      
(a) a martensite microstructure and (b) a bainite microstructure. (c) Increase in 
hardness from increased Si content for martensite and bainite microstructures as a 
function of tempering temperature. The increase in hardness from increased Si 
content is calculated as the difference in hardness between the high and low Si    
alloy. Each symbol is the mean of 30 hardness measurements, and the bars are        
95 pct confidence limits (CLs). .................................................................................. 65 
Figure 5.2  Dislocation density determined by XRD as a function of Si content for bainite and 
martensite tempered at (a) 500 ºC for 1 h and (b) 650 ºC for 1 h. Symbols are the 
mean of 3 measurements, and bars are 95 pct CLs. ................................................... 67 
Figure 5.3  Subgrain size, defined by 1º misorientation, determined by EBSD as a function of     
Si content for martensite and bainite tempered at (c) 500 ºC for 1 h, and (d) 650 ºC 
for 1 h. The symbols are the mean of 6 measurements, and bars are 95 pct CLs. ..... 68 
Figure 5.4  Superimposed EBSD subgrain and IQ maps for (a) Low Si bainite tempered at 
500 ºC for 1 h, (b) High Si bainite tempered at 500 ºC for 1 h, (c) Low Si bainite 
tempered 650 ºC for 1 h, (d) High Si bainite tempered 650 ºC for 1 h. ..................... 69 
Figure 5.5  Cementite size determined by SEM, reported as the diameter of a sphere with 
equivalent volume, as a function of Si content for martensite and bainite tempered   
at (a) 500 ºC for 1 h, and (b) 650 ºC for 1 h. The symbols represent the mean of 6 
measurements, and the bars are 95 pct CLs. .............................................................. 70 
Figure 5.6  SEM SE micrographs of cementite particles after tempering at 500 ºC for 1 h for     
(a) Low Si bainite and (b) High Si bainite. Samples etched for 4 s with 1% nital. ... 70 
Figure 5.7  Predicted and experimentally observed increases in hardness from an increase in      
Si content in martensite and bainite tempered at 500 and 650 ºC for 1 h. Values are 
based on differences in hardness and microstructural features between low and     
high Si alloys. The error bars represent 95 pct CLs. .................................................. 72 
Figure 5.8  Estimates of Si solid solution strengthening evaluated by comparing a strength   
model to measured increases in hardness from an increase in Si content. The 
literature estimate represents 9 commercial steels [5.1] and 3 binary Fe-Si alloys 
[5.7] The bars are 95 pct CLs. .................................................................................... 73 
Figure 5.9  Predicted and experimentally observed increases in hardness from an increase in Si 
content in martensite and bainite tempered at 500 and 650 ºC for 1 h. Values are 
 xiv 
based on differences in hardness and microstructural features between low and     
high Si alloys as well as Si solid solution strengthening predicted from literature 
data. The error bars represent 95 pct CLs. ................................................................. 74 
Figure 5.10  Simulations of dislocation density as a function of time for low Si bainite, low Si 
martensite, high Si bainite, and high Si martensite during tempering at (a) 500 °C   
for 1 h and (b) 650 °C for 1 h..................................................................................... 83 
Figure 6.1  The change in maximum case hardness after nitriding as a function of (a) V and      
(b) Si content. The change in maximum case hardness is referenced to the     
condition with the lowest alloy content for each data set. The dashed line from De 
Cooman et al. in (b) indicates the slope of expected Si solid solution strengthening. 
Data taken from Urao et al. [6.13], Miyamoto et al. (2005) [6.5], Miyamoto et al. 
(2015) [6.10], Schwarz et al. [6.14], Klemm-Toole et al. [6.15], Riofano et al.  
[6.19], Takase et al. [6.20], Tomio et al. [6.7], and De Cooman et al. [6.21]. .......... 90 
Figure 6.2  Maximum case hardness as a function of Si and V content for (a) martensite    
starting microstructures and (b) bainite starting microstructures. The symbols are   
the mean of 30 measurements, and the error bars are 95 pct confidence limits    
(CLs). ......................................................................................................................... 94 
Figure 6.3  Magnitude of surface compressive residual stress as a function of V and Si content 
for bainite starting microstructures. LoSiLoV with a martensite microstructure is   
also shown. Compressive residual stress was measured with XRD. The symbols     
are the mean of 4 measurements, and the error bars are 95 pct CLs. ........................ 95 
Figure 6.4  Subgrain size determined by EBSD as a function of V and Si content for (a) bainite 
and (b) martensite starting microstructures. A subgrain is defined by a boundary 
misorientation of 1° or greater. The symbols are the mean of 6 measurements     
taken from case and core regions, and the error bars are 95 pct CLs. ....................... 96 
Figure 6.5  Superimposed EBSD Subgrain and IQ maps for (a) LoSiLoV bainite and (b) 
HiSiLoV bainite. A subgrain is defined by a boundary of 1° misorientation or 
greater. ....................................................................................................................... 97 
Figure 6.6  Cementite size, reported as the diameter of a sphere with equivalent volume, as a 
function of V and Si content for (a) bainite and (b) martensite starting 
microstructures. The symbols represent the mean of 6 measurements, and the error 
bars are 95 pct CLs. ................................................................................................... 98 
Figure 6.7  Representative SEM SE micrographs of cementite particles in (a) LoSiLoV bainite 
and (b) HiSiLoV bainite. Samples etched with 1% nital. .......................................... 99 
Figure 6.8  Volume fraction of 1 out of 3 variants of MX precipitates measured by CTEM as a 
function of V and Si content for (a) bainite and (b) martensite starting 
microstructures. (c) Equilibrium volume fraction of MX at 525 °C calculated by 
ThermoCalc©. Symbols in (a) and (b) represent the mean of 6 measurements,      
each obtained from a single variant of MX from a field of view at approximately 
 xv 
200,000 X. The symbols in (c) represent the average volume fraction of MX 
calculated based on varying degrees of Si3N4 and Mn3N2 precipitation. The error   
bars in (a) and (b) represent 95 pct CLs. The error bars in (c) represent the range      
of MX volume fractions calculated based on varying degrees of Si3N4 and        
Mn3N2 precipitation. ................................................................................................ 100 
Figure 6.9  (a) CTEM BF and (b) (c) CDF micrographs from the same field of view in     
HiSiHiV bainite. The CDF micrographs in (b) and (c) illuminate two different 
variants of MX. The SADPs in the inset of (b)(c) show the location of the      
objective aperture during CDF imaging by the location of the arrow. Arrows in      
the micrographs indicate the direction of the operative g vector. ............................ 102 
Figure 6.10  (a) STEM HAADF Micrograph of HiSiLoV bainite showing dark (lower       
average atomic number) cuboidal particles. The arrow shows the path of an EDS   
line scan. (b) Fe, Mn, Si, and N concentration as a function of position along the 
EDS line scan shown in (a). ..................................................................................... 103 
Figure 6.11  Volume fraction of (Si,Mn) nitrides measured by STEM HAADF as a function      
of V and Si content for (a) bainite starting microstructure and (b) martensite     
starting microstructure. (c) The total volume fraction of Si3N4 and Mn3N2     
simulated from ThermoCalc©. Symbols in (a) and (b) represent the mean of 6 
measurements, each obtained from a field of view at approximately 200,000 X.    
The symbols in (c) represent the average sum of Si3N4 and Mn3N2 volume     
fractions depending on the degree of Mn3N2 precipitation. The error bars in (a)      
and (b) represent 95 pct CLs. The error bars in (c) represent the range in values 
depending on whether Mn3N2 forms. ....................................................................... 105 
Figure 6.12  STEM HAADF micrographs of (a) LoSiLoV bainite and (b) HiSiLoV bainite. 
Arrows in the corner of each micrograph indicate the crystallographic directions      
of the ferrite matrix. ................................................................................................. 106 
Figure 6.13  Dislocation density determined by XRD as a function of V and Si content for (a) 
bainite and (b) martensite starting microstructures. Symbols are the mean of 3 
measurements, and bars are 95 pct CLs. .................................................................. 107 
Figure 6.14  Predicted and experimentally measured increases in maximum case hardness      
from increases in V content for low and high Si martensite and bainite. Values       
are based on differences in hardness and microstructural features between low       
and high V contents for each condition. The error bars represent 95 pct CLs. ....... 109 
Figure 6.15  Predicted and experimentally observed increases in maximum case hardness      
from an increase in Si content for low and high V martensite and bainite. Values     
are based on differences in hardness and microstructural features between low       
and high Si contents for each condition. The error bars represent 95 pct CLs. ....... 111 
Figure 6.16  Correlation between the total volume fraction of (Si,Mn) nitrides and MX with     
the magnitude of compressive residual stress. ......................................................... 112 
 xvi 
Figure 6.17  The change in maximum case hardness after nitriding as a function of (a) V and     
(b) Si content. The change in maximum case hardness is referenced to the     
condition with the lowest alloy content for each data set. The dashed line from       
De Cooman et al. in (b) indicates the expected increase in hardness from Si solid 
solution strengthening. Data taken from Urao et al. [6.13], Miyamoto et al. (2005) 
[6.5], Miyamoto et al. (2015) [6.10], Schwarz et al. [6.14], Klemm-Toole et al. 
[6.15], Riofano et al. [6.19], Takase et al. [6.20], Tomio et al. [6.7],                        
De Cooman et al. [6.21], and the current results. .................................................... 114 
Figure 7.1  Fatigue strength after nitriding as a function of (a) maximum case hardness, (b) 
normalized case depth, and (c) core fatigue strength. Data taken from               
Alsaran et al. [7.6], Sirin et al. [7.7], Celik et al. [7.8], Genel et al. [7.9], and 
Woolman et al. [7.10]. ............................................................................................. 122 
Figure 7.2  Dimensions of the modified Brügger bending fatigue specimen. ............................ 124 
Figure 7.3  Schematic diagram showing how maximum case hardness and case depth are 
determined from a hardness profile. The data shown are from HiSiHiV bainite.      
The symbols represent the mean of 13 measurements, and the bars are 95 pct 
confidence limits (CLs). ........................................................................................... 125 
Figure 7.4  Core hardness as a function of V and Si content for (a) bainite starting 
microstructures and (b) martensite starting microstructures. The symbols       
represent the mean of 45 measurements, and the error bars are 95 pct CLs. ........... 127 
Figure 7.5  Case depth as a function of V and Si content for (a) bainite starting       
microstructures and (b) martensite starting microstructures. The symbols       
represent the mean of 13 measurements, and the error bars are 95 pct CLs. ........... 127 
Figure 7.6  Core fatigue strength as a function of V and Si content for (a) bainite and (c) 
martensite starting microstructures. The symbols are the mean of 3         
measurements, and the error bars are 95 pct CLs. ................................................... 128 
Figure 7.7  Fatigue strength after nitriding as a function of V and Si content for (a) bainite       
and (c) martensite starting microstructures. The symbols are the mean of 3 
measurements, and the error bars are 95 pct CLs. ................................................... 129 
Figure 7.8  SEM SE micrographs of a specimen of LoSiHiV martensite tested at a maximum 
stress of 1675 MPa that failed at the surface by case overload after 5.4 x 103      
cycles. (a) Low magnification micrograph showing case overload, stable crack 
growth, and core overload. An arrow points to the origin of case overload. (b)   
Higher magnification of the origin of case overload. An arrow points to a non-
metallic inclusion at the surface. (c) Quasi-cleavage in the case overload region.      
(d) Fatigue striations in the stable crack growth region indicated by arrows. ......... 131 
Figure 7.9  SEM micrographs of a specimen of HiSiLoV bainite tested at 1700 MPa       
maximum stress that failed by subsurface initiation after 2.8 x 106 cycles.                
(a) Low magnification SEM BSE micrograph showing subsurface initiation at a   
 xvii 
non-metallic inclusion, case overload, stable crack growth, and core overload.         
An arrow points to the non-metallic inclusion, and a dashed circle locates the      
“fish-eye” pattern of the subsurface initiation site. (b) Higher magnification         
SEM BSE micrograph of the fish-eye subsurface initiation site. An arrow points       
to a non-metallic inclusion. (c) Quasi-cleavage in the case overload region. (d) 
Fatigue striations in the stable crack growth region indicated by arrows. ............... 132 
Figure 7.10  The lowest net tensile stress observed to initiate failure at the surface of nitrided 
fatigue specimens as a function of V and Si content for (a) bainite and (b)    
martensite starting microstructures. The value of net stress is calculated by the       
sum of the applied stress at the surface and the compressive residual stress at the 
surface. The symbols represent a single measurement of the lowest applied stress, 
and the bars are 95 pct CLs from residual stress measurements. ............................. 135 
Figure 7.11  Representative example of the calculation of a net stress profile from an applied 
stress and measured residual stress profile. The applied stress profile is calculated 
assuming bending conditions with 1650 MPa maximum stress at the surface. The 
residual stress profile is from HiSiLoV bainite. The net stress is the sum of the 
applied and residual stresses. ................................................................................... 135 
Figure 7.12  Distribution of net stress below the surface of a fatigue specimen of (a) nitrided 
LoSiLoV martensite with an applied stress of 1583 MPa at the surface, (b)       
nitrided HiSiHiV martensite with an applied stress of 1691 MPa at the surface,      
and (c) nitrided HiSiLoV bainite with 1658 MPa applied stress at the surface. The 
applied stress at the surface corresponds to the fatigue strength after nitriding. The 
solid lines are mean values and the dashed lines are 95 pct CLs. The net stress is 
calculated as the sum of the applied stress and the compressive residual stress as a 
function of depth below the surface. ........................................................................ 137 
Figure 7.13  Correlation of hardness to ultimate tensile strength or peak stress before brittle 
fracture for medium carbon steels heat treated to form martensite and tempered to 
various hardness values. Below a hardness of 53 HRC, the values correspond to      
the ultimate tensile strength of a tensile specimen that shows necking and ductile 
fracture. Above a hardness of 53 HRC, the values correspond to the highest stress 
before brittle fracture occurs. Adapted from Krauss [7.29]. The bar indicates the 
assumed peak stress before brittle fracture of 1800 MPa for the nitride case. ........ 139 
Figure 7.14  Fatigue strength after nitriding as a function of (a) maximum case hardness, (b) 
normalized case depth, and (c) core fatigue strength. Data taken from               
Alsaran et al. [7.6], Sirin et al. [7.7], Celik et al. [7.8], Genel et al. [7.9],        
Woolman et al. [7.10], and the current results. The fatigue strength values from      
the current results are calculated from fatigue testing conducted at R= 0.1. ........... 141 
Figure 8.1  Increase in hardness from an increase in V content after tempering and after 
tempering plus the nitriding thermal cycle a function of tempering temperature.     
The increase in hardness is calculated as the difference in hardness between   
LoSiHiV and LoSiLoV. The symbols represent the mean of 30 measurements,      
 xviii 
and the error bars represent 95 pct CLs. .................................................................. 147 
Figure 8.2  Predicted and experimentally measured increases in core hardness after nitriding 
from increases in V content for low and high Si martensite and bainite. Values        
are based on differences in hardness and microstructural features between low        
and high V contents for each condition. The magnitude of MX precipitations 
strengthening is estimated from tempering data in Chapter 4. The error bars   
represent 95 pct CLs. ............................................................................................... 148 
Figure 8.3  Predicted and experimentally measured increases in core hardness after nitriding 
from increases in Si content for low and high V martensite and bainite. Values       
are based on differences in hardness and microstructural features between low       
and high Si contents for each condition. The error bars represent 95 pct CLs. ....... 149 
Figure 8.4  Predicted and experimentally measured differences in core hardness after       
nitriding between martensite and bainite. Values are based on differences in   
hardness and microstructural features between bainite and martensite for each 
condition. The error bars represent 95 pct CLs. ....................................................... 149 
Figure 8.5  Correlations of increases in core hardness to increases in core fatigue strength.      
Data for increases in Si content, V content, and martensite versus bainite 
microstructures are averaged from all conditions evaluated. The symbols       
represent the mean of 45 hardness measurements and 3 fatigue strength 
measurements for each condition. The bars are 95 pct CLs. ................................... 150 
Figure A.1  Hardness as a function of depth below the interface of the compound layer and 
diffusion zone after nitriding for (a) LoSiLoV, (b) LoSiHiV, (c) HiSiLoV and        
(d) HiSiHiV with a bainite starting microstructure. Symbols are the mean of 13 
measurements, and the error bars are 95 pct CLs. ................................................... 158 
Figure A.2  Hardness as a function of depth below the interface of the compound layer and 
diffusion zone after nitriding for (a) LoSiLoV, (b) LoSiHiV, (c) HiSiLoV and        
(d) HiSiHiV with a martensite starting microstructure. Symbols are the mean of      
13 measurements, and the error bars are 95 pct CLs. .............................................. 159 
Figure A.3  Hardness as a function of depth below the interface of the compound layer and 
diffusion zone after nitriding for LoSiLoV-Cr with a (a) bainite and (b)        
martensite starting microstructure. Symbols are the mean of 13 measurements,       
and the error bars are 95 pct CLs. ............................................................................ 160 
Figure B.1  Residual stress as a function of depth below a polished specimen for (a)      
LoSiLoV, (b) LoSiHiV, (c) HiSiLoV, and (d) HiSiHiV with a bainite starting 
microstructure. Polishing removed approximately 50 mm below the interface of      
the compound layer and diffusion zone. Symbols are the mean of 2       
measurements, and bars represent absolute error. ................................................... 161 
Figure B.2  Residual stress as a function of depth below a polished specimen of LoSiLoV 
martensite. Polishing removed approximately 50 mm below the interface of the 
 xix 
compound layer and diffusion zone. Symbols are the mean of 2 measurements,      
and bars represent absolute error. ............................................................................ 162 
Figure C.1  Semi-log plots of maximum applied stress versus cycles for core and nitrided 
specimens of (a) LoSiLoV (b) LoSiHiV, (c) HiSiLoV, and (d) HiSiHiV with a 
bainite starting microstructure. Solid symbols represent failed samples and open 
symbols represent tests that were stopped after 5 x 106 cycles. Surface or     
subsurface initiated failures for nitrided samples are indicated. .............................. 163 
Figure C.2  Semi-log plots of maximum applied stress versus cycles for core and nitrided 
specimens of (a) LoSiLoV (b) LoSiHiV, (c) HiSiLoV, and (d) HiSiHiV with a 
martensite starting microstructure. Solid symbols represent failed samples and      
open symbols represent tests that were stopped after 5 x 106 cycles. Surface or 
subsurface initiated failures for nitrided samples are indicated. .............................. 164 
Figure C.3  Semi-log plots of maximum applied stress versus cycles for core and nitrided 
specimens of LoSiLoV-Cr with a (a) bainite and (b) martensite starting 
microstructure. Solid symbols represent failed samples and open symbols      
represent tests that were stopped after 5 x 106 cycles. Surface or subsurface    
initiated failures for nitrided samples are indicated. ................................................ 165 
Figure E.1  SEM SE micrographs showing representative examples of how inclusion area is 


















LIST OF TABLES 
 
Table 3.1  Parameters Used for Metallographic Preparation ........................................................ 23 
Table 3.2  Compositions of First Iteration of Experimental Alloys Simulated in ThermoCalc© 25 
Table 3.3  Target Compositions of Experimental Alloys Simulated in ThermoCalc© ................ 26 
Table 3.4  Calculated Solvus Temperatures for Target Compositions of Experimental Alloys ... 26 
Table 3.5  Average OES Composition Measurements of Experimental Alloys (wt pct) ............. 26 
Table 3.6  Measured and Calculated Amounts of V in Solution in Austenite at 1050 °C ............ 30 
Table 3.7  Average Prior Austenite Grain Size after Austenitizing at 1050 °C for 30 min .......... 31 
Table 3.8  Ms Temperatures Determined by Dilatometry ............................................................. 32 
Table 5.1  Cementite Diameter Measurements from Miyamoto et al. [5.5] ................................. 75 
Table 5.2  Experimental Measurements, Coarsening Model Results and Interpolated Literature 
Data for Cementite Diameters after Tempering at 500 °C for 1 h ............................. 78 
Table 5.3  Experimental Observations, Coarsening Model Results and Interpolated Literature 
Data for Cementite Diameters after Tempering at 650 °C for 1 h ............................. 79 
Table 7.1  Failure Initiation Locations at Stresses Within 50 MPa Above the Fatigue Strength 
after Nitriding ........................................................................................................... 133 
Table D.1  Quantitative Microstructural Data Used for Hardness Models for Tempering ........ 166 
Table D.2  Quantitative Microstructural Data Used for Hardness Models of Maximum Case 
Hardness and Core Hardness ................................................................................... 167 






I would like to gratefully acknowledge the support from the Advanced Steel Processing 
and Products Research Center (ASPPRC). The ASPPRC faculty, staff (especially Karen Abt), 
and industrial sponsors have made significant contributions to my academic, professional, and 
personal development. A special thanks to Mike Burnett and others at TimkenSteel, and Matt 
Kiser and others at Caterpillar Inc. for their substantial contributions to my research. I am truly 
grateful for their support in making my graduate school experience so enriching. 
I would also like to express tremendous gratitude to all of the members of my thesis 
committee. In particular, I would like to acknowledge my advisor Prof. Kip. O. Findley, who has 
shown me limitless patience, encouragement and understanding during my time in graduate 
school. I would also like to thank my thesis committee members Prof. John Berger (chair), 
Prof. John G. Speer, Prof. Emmanuel De Moor, Prof. Robert Cryderman, and Prof. Gerald 
Bourne. I wish to also express my gratitude to Prof. Bob Field and Prof. David Diercks for 
countless hours of training and discussions regarding transmission electron microcopy.  
 Some of the most meaningful relationships I have made in my life were in graduate 
school. I would like to acknowledge the friendship and support of Julian Benz, Devon Gonzalez, 
Dr. Igor Vieira, Dr. Taylor Jacobs, Prof. Amy Clarke, Prof. Kester Clarke, Dr. Adam Stokes, 
Dr. Lee Rothleutner, Dr. Cody Miller, Dr. Erik Pfief, Dr. Matthew Kirsch, Dr. Shane Kennett, 
and Dr. Stephen Tate.   
Most importantly, I wish to thank my family. Thank you to my mother, Doris Klemm, 
who taught me the value of compassion for others, and thank you to my father, Paul Toole, who 
taught me a healthy distrust of authority. Above all, my deepest thanks go to my wife, 
Elena Pizano. Her enduring love and support inspire me every day. Finally, thank you to my dog, 
























In order to make vehicles more fuel efficient and to reduce emissions, automotive 
manufacturers strive to reduce the total weight of their vehicles. One possibility is to use a 
smaller and lighter engine with the same power output, i.e. increasing the specific power output. 
The result of increasing the specific power output of the engine is that transmission gears 
experience higher contact stresses on the tooth flank and higher bending stresses at the gear root. 
Therefore, the fatigue performance of transmission gears is critical for the development of more 
lightweight and fuel efficient vehicles.  
Surface hardening processes such as nitriding are commonly used to improve the 
performance of fatigue limited components such as transmission gears [1.1]. Many alloys that 
have been developed specifically for nitriding contain high amounts of aluminum (Al) up to 
1.2 wt pct, which leads to problems that reduce casting yields. Other alloys, such as AISI 4140, 
are not designed specifically for nitriding but are used for transmission components, resulting in 
high material and heat treatment costs. A better understanding of how alloying elements 
influence fatigue performance after nitriding will enable the development of more advanced 
nitriding steels. Additionally, advanced steel alloys that can be nitrided without first heat treating 
to form tempered martensite can result in significant time and cost savings. In general, there is a 
need for a new series of alloys that employ alloying and thermal processing strategies that 
optimize the properties after nitriding in an economic manner. For a mid-sized truck, the engine 
and power train account for 31 pct of the cost of the vehicle, and for a specific gear unit in the 
transmission, materials and heat treatment account for 40 pct of the cost [1.2]. Therefore, alloy 
and processing optimization for nitrided transmission gears also has the potential to result in 
significant reductions in the total manufacturing cost of a vehicle.  
1.1 Research Questions 
Based on industrial and economic drivers to evaluate alloying strategies to improve 
fatigue performance after nitriding, the following research questions were investigated: 
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• By what mechanisms do V (a strong nitride former) and Si (typically considered a solid 
solution strengthener) affect case hardness and compressive residual stress after 
nitriding? Do V and Si interact to affect properties of the nitride case? 
• By what mechanisms do V and Si affect fatigue performance after nitriding? 
• Is fatigue performance after nitriding affected by having a bainite instead of martensite 
starting microstructure? If so, by what mechanism(s)? 
Quantitative microstructural characterization, hardness modeling, and mechanical testing 
presented and analyzed in this document serve to address the posed research questions. 
1.2 Dissertation Outline 
Chapter 2 provides the motivation for investigating the influences of V and Si alloying 
for improved fatigue performance after nitriding. A description of the microstructure and 
properties after nitriding is first provided. General aspects of fatigue are then discussed. The 
dominant failure mode observed at stresses near the fatigue strength of nitrided medium carbon 
steels is discussed and related to the properties after nitriding. The influences of common 
alloying elements in steel on nitride case properties are reviewed. Finally, the selection of V and 
Si for further investigation is discussed. 
Chapter 3 describes the design and manufacturing of the experimental alloys investigated 
in this project. ThermoCalc© simulations used to design the compositions are described. The 
development of heat treatments for the alloys in preparation for nitriding is also presented. 
Chapter 4 focuses on using transmission electron microscopy to quantitatively measure 
the volume fraction and size of V containing microalloy, or MX precipitates in order to model 
the increases in hardness observed during tempering of martensite and bainite microstructures. A 
review of literature specifically focused on MX precipitation strengthening during high 
temperature tempering is provided. The results in Chapter 4 are used in Chapter 8 as a basis to 
understand how increases in V content lead to higher core hardness values after nitriding.   
Chapter 5 describes the use of multiple quantitative characterization techniques and 
hardness modeling to evaluate the strengthening mechanisms influenced by Si content during 
high temperature tempering of martensite and bainite. A review of literature regarding Si effects 
on hardness during high temperature tempering is provided. The concepts in Chapter 5 are used 
in Chapter 8 in order to interpret the influences of Si content on core hardness after nitriding.  
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Chapter 6 presents multiple quantitative characterization techniques used to evaluate the 
strengthening mechanisms and residual stresses influenced by V and Si content after nitriding. A 
literature review regarding the influences of V and Si content on case hardness after nitriding is 
provided. The results from Chapter 6 directly address the first research question described in this 
chapter.  
Chapter 7 describes the influences of V and Si content on the cantilever bending fatigue 
performance of the experimental alloys with bainite and martensite microstructures after 
nitriding. A review of literature regarding the influences of nitride case hardness, nitride case 
depth, and core properties on fatigue performance after nitriding is provided. The results from 
Chapter 7 directly address the second and third research questions described in this chapter.  
Chapter 8 draws from the quantitative microstructural characterization in Chapters 4 and 
5 in order to evaluate the influence of V and Si content on the strengthening mechanisms in the 
core microstructure after nitriding. The relationships between strengthening mechanisms and 
fatigue strength in the core are discussed. 
Chapter 9 provides a summary and synthesizes critical results to directly answer the 
research questions posed in this chapter. Chapter 10 proposes directions for future research based 
on the observations made in this project. The appendices include hardness profiles after nitriding, 
a summary of fatigue data, residual stress data, a summary of microstructural characterization 
used for hardness models, and a summary of stress intensity calculations. 
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BACKGROUND AND LITERATURE REVIEW 
 
This chapter provides a review of the literature that relates the properties after nitriding to 
improvements in fatigue performance. A general review of the microstructure, properties, and 
terminology related to nitriding is first provided. General aspects of fatigue are then discussed. A 
review of literature related to the dominant failure modes observed during fatigue testing of 
nitrided medium carbon steels is then described. An assessment of the influence of alloying 
elements on the properties after nitriding is also provided. Finally, based on the reviewed 
literature, the selection of vanadium (V) and silicon (Si) for further investigation is discussed.  
2.1 Nitriding Background 
Nitriding involves the diffusion of nitrogen into the surface of a component, typically at 
temperatures where ferrite is stable in a steel. The source of nitrogen in the nitriding process can 
be a nitrogen containing plasma, molten salt, or heated gas [2.1]. The diffusion of nitrogen into 
the surface of a steel results in solid solution strengthening as well as precipitation strengthening 
if nitride forming elements are present in the steel. In addition to strengthening, solute nitrogen 
and nitride precipitation also generate compressive residual stresses [2.2, 2.3]. The increases in 
surface hardness and generation of compressive residual stresses from nitriding improve fatigue 
performance. In addition, wear resistance and corrosion resistance are also improved with 
nitriding [2.4].  
Figure 2.1 schematically shows a hardness and microstructure profile near the surface 
after nitriding. At the free surface, a mixture of Fe3N and Fe4N are present, which comprises the 
compound layer. Below the surface, elevated amounts of solute nitrogen and the presence of 
alloy nitrides increase hardness. The region of increased hardness relative to the unnitrided or 
core region is referred to as the diffusion layer or diffusion zone. The depth of the diffusion layer 
is typically referred to as the case depth.  
The main process parameters that can be used to modify the characteristics of the nitride 
case are nitriding temperature, time, and nitrogen activity in the nitriding medium. In typical 
industrial practice, nitriding temperatures vary between 450 – 580 °C. Lower nitriding 
temperatures generally lead to slower diffusion kinetics owing to lower diffusivities of nitrogen. 
Case depths are generally shallower at lower nitriding temperatures compared to higher nitriding 
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temperatures for the same time. Nitriding times typically vary from several hours up to 
approximately 100 hours depending on the desired case depth. Case depths tend to increase with 
increasing nitriding times. The activity of nitrogen can be varied depending on the nitriding 
medium. For gas nitriding, increasing the ammonia to hydrogen gas ratio increases the nitrogen 
activity, although the dissociation of ammonia, which is necessary for the diffusion of nitrogen 
into the surface, increases with increasing temperature. In plasma nitriding, the ratio of nitrogen 
to hydrogen gas can be varied independent of temperature in order to affect nitrogen activity. 
Finally, for molten salt nitriding, the content of nitrogen containing salts, such as cyanides, can 
be increased in the salt solution to increase the activity of nitrogen. Higher nitrogen activities 
result in deeper case depths for a given nitriding time and temperature [2.4]. A further discussion 
of the influences of nitriding time and temperature on case hardness and case depth for 
commonly nitrided medium carbon steels is provided in Chapter 7. 
 
Figure 2.1  Graphical illustration of hardness and microstructure gradients below the surface 
after nitriding [2.5]. 
 
An important processing consideration for nitriding is the heat treatment performed prior 
to nitriding. Nitriding increases the hardness by increasing solute nitrogen and causing the 
precipitation of nitrides which adds strengthening mechanisms to what are already present prior 
to nitriding. Accordingly, higher hardness materials prior to nitriding tend to result in higher case 
hardness values after nitriding. In the instance of bainite and martensite microstructures, 
tempering is generally performed prior to nitriding in order to induce distortions associated with 
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tempering reactions prior to nitriding so that the least amount of distortion occurs during the 
nitriding process. In common industrial practice, tempering is performed above 540 °C for 1h. 
Finally, to ensure the highest possible surface hardness, the low hardness surface decarburization 
caused by prior heat treatments is generally removed before nitriding [2.1].  
The selection of nitriding rather than other surface hardening techniques such as 
carburizing or induction hardening depends on multiple factors. One of the greatest benefits of 
nitriding is minimal distortion. Nitriding is performed at temperatures where ferrite is stable, and 
no quenching is required which minimizes thermal strains and eliminates transformation strains 
from austenite decomposition. In contrast, both carburizing and induction hardening involve 
heating (only at the surface for induction hardening) to a temperature where austenite is stable 
and rapidly quenching, which leads to greater thermal strains and transformation strains from the 
austenite to martensite transformation [2.4]. Due to the lower distortion, nitriding is preferred for 
components where dimensional stability is of utmost importance such as transmission 
components for automotive and aerospace applications. The primary drawback to nitriding 
compared to carburizing and induction hardening is processing time. As an example, in order to 
obtain an approximate 1 mm case depth, nitriding may take up to 100 hours, whereas gas 
carburizing may only take several hours, and induction hardening may only take seconds 
[2.1,2.4].  
2.2 Fatigue Background 
Fatigue is characterized by the cyclic application of stresses that are lower than would 
cause failure in a single loading cycle. Because most machine components experience cyclic 
stresses, considerations of fatigue performance are critical for machine design. Fatigue failure 
can occur with little to no observable macroscopic deformation which makes fatigue one of the 
more insidious failure modes observed in machine components [2.6, 2.7]. The general 
progression of fatigue failure is shown schematically in Figure 2.2. Under the application of 
cyclic stresses, irreversible cyclic plastic deformation near the surface leads to the development 
of intrusions and extrusions at slip bands, which resemble steps or small notches at the surface. 
Cracks nucleate at the intrusion and extrusions in the slip bands and propagate along slip systems 
with the maximum resolved shear stress, which is illustrated as Stage I in Figure 2.2. Stage I 
growth is highly sensitive to microstructural features that act as obstacles to cyclic plastic 
deformation. After reaching a critical size, a fatigue crack will begin to grow perpendicular to the 
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maximum tensile stress which is illustrated as Stage II or stable fatigue crack growth in Figure 
2.2. The fracture surface of a Stage II fatigue crack typically contains striations which are formed 
by cyclic plastic deformation at the tip of the propagating crack. Stage II crack growth is 
generally observed to be insensitive to microstructure [2.8]. Eventually, a Stage II crack reaches 
a critical length that exceeds the toughness of the material, and unstable fracture occurs which is 
typically referred to as Stage III or overload.  
 
Figure 2.2  Schematic illustration of the stages of fatigue failure. The applied stress axis in the 
illustration is vertical [2.8]. 
 
Tanaka and Mura developed a dislocation based model to describe fatigue crack initiation 
at notches such as the intrusions and extrusions that form at slip bands in Stage I. The model 
considers permanent or irreversible changes to dislocation arrangements as a result of cyclic 
plastic deformation. The application of each stress cycle is envisaged to generate a dislocation 
dipole configuration on closely spaced slip planes. Repeated cycling increases the number of 
dislocations in the dipole arrangement, and when the self energy of the dislocation arrangement 
is equal to the specific fracture energy of the slip plane, a crack is nucleated. The shear stress 
range needed to nucleate a crack is described as  
 ∆𝜏 = 2𝑘 + (4𝐺𝑊𝑠𝜋𝑛𝑐𝑙 )12 (2.1) 
where ∆𝜏 is the applied shear stress range needed to nucleate a crack; 𝑘 is the resistance to 
dislocation glide; 𝐺 is the shear modulus; 𝑊𝑠 is the specific fracture energy per unit area of the 
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slip plane; 𝑛𝑐 is the number of cycles needed to nucleate a crack; and 𝑙 is the slip band length 
[2.9]. The model described in Equation 2.1 suggests that a larger shear stress range is required to 
nucleate a crack with greater glide resistance. Accordingly, increases in strength or hardness 
should improve resistance to fatigue crack nucleation and thus improve fatigue performance. 
Furthermore, if the slip band length is considered to be related to a microstructural feature such 
as grain size, Equation 2.1 predicts a Hall-Petch type relationship such that microstructural 
refinement should also increase the resistance to fatigue crack nucleation and improve fatigue 
performance.  
2.3 Dominant Failure Mode Observed During Fatigue Testing of Nitrided Medium 
Carbon Steels 
Numerous studies have evaluated the influences of nitride case hardness and case depth 
on the fatigue performance of nitrided medium carbon steels [2.10 – 2.14]. Increases in case 
hardness generally correlate with improved bending fatigue performance. The increased hardness 
at the surface after nitriding can be interpreted to suppress fatigue crack initiation according to 
Equation 2.1. Accordingly, fatigue crack initiation tends to occur subsurface, below the case 
depth at nonmetallic inclusions. The observation of subsurface fatigue crack initiation can be 
understood by considering the net stress distribution below the surface after nitriding. Figure 2.3 
shows the net stress profile below the surface of an AISI 15B21H specimen that was plasma 
nitrided at 480 °C for 24 h and subjected to various bending stresses. The case depth after 
nitriding was approximately 400 m [2.14]. The net stress is the sum of the applied bending 
stress and residual stress from nitriding as a function of distance below the surface. The 
maximum net stress occurs below the surface, which explains why crack initiation occurs 
subsurface. Increasing case depths tend to result in higher hardness values and higher 
compressive residual stresses extending deeper into the surface after nitriding. As a result, the net 
stresses tend to be lower in the subsurface regions. Higher stresses can then be applied before 
fatigue failure occurs subsurface leading to improvements in fatigue strength after nitriding. A 
further review of the influence of case hardness and case depth on fatigue performance after 
nitriding is presented in Chapter 7. 
Although the fatigue strength of nitrided medium carbon steel increases with higher case 
hardness values and deeper case depths, the dominant failure mode observed at stresses near the 
fatigue strength is subsurface fatigue crack initiation at nonmetallic inclusions [2.10 – 2.14]. 
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Figure 2.4 shows a scanning electron microscopy (SEM) micrograph of the fracture surface of a 
bending fatigue specimen of AISI 4140 that was ion nitrided at 475 °C for 8 h and failed after 
3.9 x 106 cycles at a stress amplitude of 900 MPa [2.10]. Unlike the progression of fatigue failure 
shown schematically in Figure 2.2, the fatigue crack in Figure 2.4 nucleated at a nonmetallic 
inclusion in the core of the specimen. The dashed circle indicates the region of Stage II fatigue 
crack growth emanating from the nonmetallic inclusion. 
Lankford extensively studied fatigue crack initiation at nonmetallic inclusions in 
AISI 4340. The process of fatigue crack initiation occurred by first debonding of inclusions from 
the metallic matrix, which was observed to occur upon the first stress cycle. In fact, inclusion 
debonding was observed at applied stresses below the fatigue strength [2.15]. After debonding, 
intrusions and extrusions were observed in the matrix at the interface with the debonded 
inclusion. With further cycling, cracks nucleated at the intrusions and extrusions, grew, and 
eventually formed Stage II fatigue cracks. The influence of hardness on the crack nucleation 
process was also investigated. One condition of AISI 4340 was quenched and tempered at 
525 °C with a resulting hardness of approximately 400 HV, and another condition was tempered 
at 620 °C resulting in a hardness of approximately 300 HV. A smaller number of cycles at the 
same stress level was needed to form a crack from the intrusions and extrusions in the lower 
hardness condition compared to the higher hardness condition [2.16]. The dependence of 
hardness on the cycles needed to nucleate a fatigue crack from a debonded inclusion observed by 
Lankford can also be interpreted by Equation 2.1. Tanaka and Mura applied the same dislocation 
based model to fatigue crack nucleation at debonded inclusions. [2.17]. According to Equation 
2.1, a higher resistance to glide (higher hardness) requires a greater number of cycles for crack 
nucleation at a constant applied shear stress range. 
2.4 Influences of Alloying Elements on Nitriding Characteristics 
The presence of nitride forming elements in a steel alloy can affect the maximum case 
hardness and case depth after nitriding. Figures 2.5 and 2.6 show the change in maximum case 
hardness after nitriding as a function of alloy content. The change in maximum case hardness is 
referenced to the condition with the lowest alloy content for each data set. In some experiments, 
the baseline condition did not contain the alloying element of interest, while in other studies it 
did.  Although the nitriding parameters were not the same amongst the various investigators, the 
 10 
nitriding parameters in each study were held constant to produce the data in Figures 2.5 and 2.6 
in order to determine the effects of the alloy content after nitriding. 
 
 
Figure 2.3  Profile of net stresses below the surface of AISI 15B21H plasma nitrided at 480 °C 
for 24 h with various applied bending stresses [2.14]. Net stress is the sum of the applied 




Figure 2.4  SEM micrograph of a bending fatigue specimen of AISI 4140 that was ion nitrided 
at 475 °C for 8 h and failed after 3.9 x 106 cycles at a stress amplitude of 900 MPa adapted 
from Genel et al. [2.10]. The arrow points to a nonmetallic inclusion in the core that initiated 







Figure 2.5  The change in maximum hardness of the nitride case as a function of (a) aluminum, 
(b) chromium, (c) niobium, and (d) titanium content. The change in maximum case hardness is 
referenced to the condition with the lowest alloy content for each data set. Data taken from 
Tomio et al. [2.18], Miyamoto et al. (2005) [2.19], Miyamoto et al. (2015) [2.20], Urao et al. 











Figure 2.6  The change in maximum hardness of the nitride case as a function of (a) vanadium 
(b) molybdenum, (c) manganese, and (d) silicon content. The change in maximum case 
hardness is referenced to the condition with the lowest alloy content for each data set. Data 
taken from Tomio et al. [2.18], Miyamoto et al. (2005) [2.19], Miyamoto et al. (2015) [2.20], 
Urao et al. [2.21], Schwarz et al. [2.23], Lebedeva [2.24], Hirukawa et al. [2.25], Riofano et 
al. [2.26], and Takase et al. [2.27]. 
 
In general, the maximum case hardness increases to various degrees with the addition of 
all of the alloying elements shown in Figures 2.5 and 2.6. However, additions of Al, Cr, Ti, V 
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and Mo generally lead to greater increases in hardness per alloy content compared to Mn and Si. 
Alloys containing Al, Cr, Ti, V and Mo have been reported to result in the formation of MX type 
nitride precipitates after nitriding [2.18, 2.19, 2.28]. Figure 2.7 shows a transmission electron 
microscopy (TEM) centered dark field (CDF) micrograph of V and Cr containing MX 
precipitates in an Fe-1Cr-0.5V alloy plasma nitrided at 550 °C for 16 h [2.20]. The high number 
density of fine (less than 5 nm diameter) MX precipitates has the potential to result in significant 
precipitation strengthening. Urao et al. attributed the increase in maximum case hardness from 
the addition of Nb to the precipitation of nitrides, although no detailed microscopy was provided 
[2.21]. The precipitation of a low number density of Mn3N2 precipitates in Fe-0.6C-1Mn plasma 
nitrided at 550 °C for 16 h was reported by Tomio et al. [2.18]. The lower number density may 
explain the smaller increases in case hardness associated with Mn additions. Tomio et al. also 
reported a low number density of Si and N containing precipitates primarily at boundaries after 
plasma nitriding a Fe-0.6C-1Si alloy at 550 °C for 16 h, which may account for the lower 
increase in case hardness with Si compared to elements that form MX precipitates after nitriding. 
The exact mechanisms by which Si increases maximum case hardness are not well established in 
literature, so a further review is presented in Chapter 6. 
 
 
Figure 2.7  TEM CDF micrograph of V and Cr containing nitrides in a Fe-1Cr-0.5V alloy 
plasma nitrided at 550 °C for 16 h adapted from Miyamoto et al. [2.20]. A selected area 
diffraction pattern is shown in the inset. The arrow in the micrograph indicates the operative g 
vector used to form the micrograph.  
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Interactions between Al and Cr and between Al and V were reported by Miyamoto et al. 
[2.20]. Almost no increase in hardness at the surface was observed after plasma nitriding a Fe-
1Al alloy at 550 °C for 16 h. Observations using TEM revealed that no AlN had formed after 
nitriding.  However, significant hardening was observed with Fe-1Al-0.5V and Fe-1Al-1Cr 
alloys after the same nitriding treatment. Nitride precipitates containing both Al and Cr were 
observed in the Fe-1Al-1Cr alloy, and separate AlN and VN precipitates were observed in the 
Fe-1Al-0.5V. The precipitation of AlN in ferrite typically occurs only after long nitriding times 
at high temperatures or if nucleation sites such as dislocations are present. Jung et al. suggested 
that the incorporation of Al into CrN reduces misfit strain energy in ferrite resulting in the 
formation of Al and Cr containing nitrides [2.29]. Miyamoto hypothesized that the formation of 
VN generates misfit dislocations which stimulate the nucleation of AlN in nitrided Fe-1Al-0.5V 
[2.20]. The formation of Al containing nitrides with the addition of Cr and V account for the 
larger increases in case harness observed when Cr is added to Fe-1Al in Figure 2.5(b) and when 
V is added to Fe-1Al in Figure 2.6(a) compared to the other data sets. 
Figures 2.8 and 2.9 show the change in nitride case depth as a function of alloy content 
for several studies. Case depth is defined as the depth below the surface with a hardness of 
50 HV above the core hardness. The change in case depth is referenced to the condition with the 
lowest alloy content for each data set. Unlike alloying effects on maximum case hardness, there 
is much discrepancy as to whether alloying elements increase or decrease the depth of the nitride 
case. Furthermore, in the instance of Ti and Mn, increases in case depth are initially observed, 
but with increases in alloy content, the case depth decreases. In many of the instances where the 
addition of an alloying element results in an increase in case depth, the baseline condition shows 
very little hardening from nitriding. The addition of 1 wt pct Al to pure Fe in Figure 2.8(a) shows 
an increase in case depth reported by Miyamoto et al. [2.19]. Miyamoto et al. showed negligible 
increases in hardness after nitriding pure Fe at 570 °C for 20 h, so the case depth was essentially 
zero. The addition of Al resulted in significant increases in hardness above the core hardness 
resulting in an increase in case depth from zero to approximately 450 m. In contrast, nitrided 
Fe-1Cr and Fe-0.5V showed significant increases in hardness after nitriding. The addition of Al 
to Fe-1Cr and to Fe-0.5V, which are both shown in Figure 2.8(a), results in a decrease in case 
depth. The decrease in case depth with an increase in alloy content can be interpreted as more N 
consumption resulting from more nitride precipitates forming at the surface, so less N is 
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available to diffuse deeper into the surface. The alloying elements Mo and V appear to be 
exceptions in that increases in case depth are observed when they are added to alloys that show 
significant increases in hardness from nitriding. Insufficient data is available for Nb to determine 





Figure 2.8  The case depth as a function of (a) aluminum, (b) chromium, (c) niobium, and (d) 
titanium content. The change in case depth is referenced to the condition with the lowest alloy 
content for each data set. Data taken from Tomio et al. [2.18], Miyamoto et al. (2005) [2.19], 









Figure 2.9  The change in case depth as a function of (a) vanadium (b) molybdenum, (c) 
manganese, and (d) silicon content. The change in case depth is referenced to the condition 
with the lowest alloy content for each data set. Data taken from Tomio et al. [2.18], Miyamoto 
et al. (2005) [2.19], Miyamoto et al. (2015) [2.20], Urao et al. [2.21], Lebedeva [2.24] 
Hirukawa et al. [2.24], Riofano et al. [2.26], and Takase et al. [2.27]. 
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2.5 Selection of Alloying Elements for Further Investigation 
A review of the literature regarding the fatigue performance of nitrided medium carbon 
steels suggests that increases in case hardness and case depth result in improved fatigue 
performance after nitriding. Furthermore, since the dominant failure mode after nitriding is 
subsurface fatigue crack initiation in the core microstructure, increases in core fatigue strength 
are expected to improve fatigue performance after nitriding as well. Increases in core fatigue 
strength can be obtained by increasing the core hardness thus increasing the stress necessary for 
fatigue crack initiation according to Equation 2.1. Therefore, alloying elements that improve the 
nitride case properties as well as core hardness are of interest. Additions of V have been 
observed to result in significant increases in hardness during tempering due to the precipitation 
of V containing MX precipitates [2.30]. Furthermore, large amounts of V can be dissolved into 
austenite in the presence of carbon and nitrogen compared to other elements such as Ti and Nb 
[2.31]. Additions of Si result in modest increases in maximum case hardness, but Si is one of the 
more potent substitutional solid solution strengtheners in ferrite [2.32]. Furthermore, Si is an 
inexpensive alloying element in steel. Due to the combined effects of increasing case hardness as 
well as core hardness after nitriding, V and Si were selected for further investigation. 
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DESIGN AND MANUFACTURING OF EXPERIMENTAL ALLOYS 
 
This chapter describes the methodology employed to design a series of experimental 
alloys based on systematic variations of V and Si content. The selection of austenitizing, bainite 
transformation, and tempering temperatures employed prior to nitriding are also described. 
3.1 Experimental Procedures 
The following sections describe key parameters used for simulations and experiments 
performed in order to develop a series of experimental alloys. 
3.1.1 ThermoCalc© Simulations 
ThermoCalc© version 4.1 was used to simulate the behavior of a series of alloys that 
were investigated in the project. The database TCFE7 was used to perform the calculations. In 
order to simulate austenitizing heat treatments, phase amounts and compositions as a function of 
temperature were calculated up to 1250 °C. For austenitizing calculations, the phases with 
ThermoCalc© labels FCC_A1, BCC_A2, CEMENTITE, and ALN were considered. FCC_A1 
can model phases that have crystal structures with a FCC lattice such as austenite or MX. 
BCC_A2 can model ferrite. CEMENTITE models the orthorhombic Fe3C carbide phase. ALN 
models the hexagonal AlN nitride phase. In order to simulate the case and core regions after 
nitriding, the phase amount as a function of N content was calculated at 525 °C, which is the 
temperature used for nitriding. For simulations of the case and core regions after nitriding, the 
phases with ThermoCalc© labels FCC_A1, BCC_A2, CEMENTITE, and FE4N_LP1 were 
considered. The ThermoCalc© FE4N_LP1 phase models the cubic Fe4N nitride phase that forms 
in the compound layer at the surface after nitriding. All simulations were performed at 
atmospheric pressure and with 1 mole of material.  
3.1.2 Dilatometry 
In order to be able to have precise control of temperatures and times for the development 
of austenitizing heat treatments, a TA Instruments model 805L dilatometer was used. Cylindrical 
specimens 4 mm diameter and 10 mm long were machined from the quarter thickness location of 
alloy forgings. A thermocouple was welded at the mid length position of the cylindrical samples 
to measure the temperature during the heat treatments. A heating rate of 10 °C/s was used up to 
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the austenitizing temperature. Samples were held at the austenitizing temperature for 30 min 
followed by quenching with helium (He) gas at a rate of 200 °C/s to below 25 °C.  
The dilation measured upon cooling was used to estimate the martensite start 
temperature, Ms. Austenitizing was performed at 1050 °C for 30 min. The dilation or length 
change was normalized by the starting length of each specimen and plotted as a function of 
temperature.  A linear regression was fit for the thermal contraction portion of the dilation curve 
in the temperature region above the transformation to martensite. Residuals were calculated by 
subtracting the data from the linear regression for each alloy. The Ms temperature was 
determined by the intersection of a line with the same slope as the thermal contraction but offset 
by three times the largest residual standard deviation. The value of the offset was determined to 
be 1.09 x 10-4 strain. Figure 3.1 graphically illustrates the determination of the Ms temperature 
for a sample of LoSiLoV. Three different samples were austenitized and quenched to determine 
the mean Ms temperature for each alloy. 
 
Figure 3.1  Graphical illustration of the determination of the Ms temperature from dilatometry 
data. The data shown are from a specimen of LoSiLoV. 
 
3.1.3 Electrochemical Dissolution 
Electrochemical dissolution was performed to measure the amount of V in solution after 
austenitizing. Slices measuring 2 mm thick were removed from each heat treated dilatometry 
sample, and the remaining 8 mm long cylinder was used for dissolution. In order to remove 
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decarburization from the surface prior to dissolution, 20 – 40 m was removed from the diameter 
of each specimen via grinding with 240 grit silicon carbide (SiC) paper. The electrochemical 
dissolution process employed is described in detail by Homsher-Ritosa [3.1], so only a brief 
overview is provided here. A metallic sample is submerged into non-aqueous electrolyte 
comprised of 10 pct acetylacetone, and 1 pct tetramethylammonium chloride, with the balance of 
methanol. A current density of 100 A/m2 is applied against a platinum electrode which causes the 
sample to dissolve. Provided the current density is maintained below 150 A/m2, only metallic 
phases will dissolve while carbide and nitride phases will not. After 0.1 g of the sample has been 
dissolved, the solution is filtered to separate carbide and nitride particles that were not dissolved 
by the electrolyte. The electrolyte, which contains all of the elements that were in solution in the 
metallic phases is diluted. The filtered particles are dissolved in strong acids and then diluted. 
The different solutions containing the electrolyte and precipitates are each analyzed using 
inductively coupled plasma mass spectrometry (ICP-MS). Four samples for inductively coupled 
plasma mass spectrometry (ICP-MS) were analyzed from each alloy specimen after austenitizing 
and quenching in the dilatometer. 
3.1.4 Metallography 
Samples taken from the cross-section of alloy forgings were mounted in 31.75 mm 
(1.25 in) diameter mineral hardened epoxy. Mineral hardened epoxy was used rather than 
bakelite due to the superior edge retention provided by the epoxy. A LECO® GPX 300 
automatic polishing system was used. The parameters used for metallographic preparation are 
shown in Table 3.1. During all of the steps, the platen holding the pads rotated at 150 rpm while 
the head holding the samples rotated at 75 rpm in the opposite direction of the platen.  
In order to determine the austenite grain size at the end of the austenitizing heat 
treatments, 2 mm slices from the samples heat treated in the dilatometer were used. After cutting 
the 2 mm slices from each sample, the slices were tempered in a box furnace at 450 °C for 24 h 
to promote segregation and air cooled. After metallographic preparation, the samples were 
etched in a solution of 280 mL deionized water, 10.4 mL Teepol, 2 mL hydrochloric acid (HCl), 
and 8.5 g picric acid heated to 70 °C. Samples were etched for 5 – 10 s until prior austenite grain 
boundaries were visible in an optical microscope. After etching, micrographs were recorded 
using a light optical microscope, and grain diameters of individual grains were each measured 
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from random fields of view of each sample. At least 250 grain diameters were measured for each 
sample.  
 
3.1.5 Laboratory Heat Treatments to Simulate Core Microstructures 
After austenitizing parameters were developed using heat treatment in the dilatometer 
and electrochemical dissolution to determine the V content in solution, larger specimens of each 
alloy were heat treated in a Carbolite® model CWF1200 box furnace. Samples of each alloy 
were austenitized at 1050 °C for 30 min, and oil quenched to form martensite. Other samples 
were quenched into molten salt and held isothermally for 1 to 2 h to form bainite. Quenched and 
isothermally transformed samples were then tempered at 500, 550, 600, or 650 °C for 1 h each. 
Samples from each alloy, starting microstructure, and tempering condition were also heat treated 
at 525 °C for 18 h, which is the nitriding thermal cycle. Performing this described series of heat 
treatments allows for the evaluation of core hardness after nitriding. The specimens used for 
austenitizing, quenching and tempering experiments had a 12.7 mm (0.5 in) x 12.07 mm (0.475 
in) rectangular cross section, and were 66.68 mm (2.625 in) long; the specimens were taken from 
the quarter thickness position of the alloy forgings. In order to promote temperature uniformity, a 
25.4 mm (1 in) thick stainless steel plate was placed inside the furnace, and the furnace was 
heated to the desired temperature and held for at least 1 h. In all cases, an external shielded non-
grounded K-type thermocouple was used to monitor the temperature of the furnace and samples. 
All temperatures were maintained to within ± 5 °C of the set point and times were maintained to 
within ± 1 min of set point. After tempering and the nitriding thermal cycle, samples were air 
cooled to ambient temperature.  
Table 3.1  Parameters Used for Metallographic Preparation 
Pad Media 
Load 
(N per sample) 
Time 
(min) 
Platinum 2 Cameo® Only water 12 Until flat 
Platinum 3 Cameo® Only water 10 5 
UltraSilk® 6 m diamond 10 5 
UltraSilk® 3 m diamond 8 5 
Imperial® 1 m diamond 6 5 
Imperial® 0.5 m diamond 4 5 




3.1.6 Hardness Testing 
Samples were metallographically prepared prior to hardness testing. Hardness testing was 
performed on a LECO® AMH55 Automatic Hardness Testing System with a LM110AT Micro-
indenter unit. A 500 gmf load was used, and the indent diameters were measured using the visual 
analysis software. A square pattern of 6 x 6 indents spaced 1 mm apart was applied to the center 
of slices taken from the cross section of the samples that were tempered and heat treated to 
simulate the core of nitrided samples.   
3.2 Results 
The following section describes the results of simulations and experiments that were 
performed in order to develop the compositions and heat treatments of experimental alloys for 
the project. 
3.2.1 Development of Target Compositions 
The alloy AISI 4140 was used as benchmark for a composition that is commonly used for 
nitriding and transforms to bainite upon air cooling from austenitizing temperatures. 
Accordingly, the compositions of experimental alloys were developed such that the baseline 
alloy containing the lowest levels of Si and V, LoSiLoV, has an equivalent ideal diameter to 
AISI 4140 as calculated by ASTM A255 while minimizing as much as possible nitride forming 
alloying elements other than V and Si [3.2]. Table 3.2 shows the compositions of the first 
iteration of the experimental alloys. Compared to AISI 4140, the experimental alloys have no Cr, 
higher Mn, and higher Mo to maintain hardenability. An addition of 3.0 wt pct Ni to all of the 
alloys provides sufficient hardenability such that the LoSiLoV alloy has an ideal diameter of 130 
mm (equivalent to 4140). The low level of Si content, 0.3 wt pct is the typical value for AISI 
4140. The higher level of Si, 1.5 wt pct was based on input from industrial sponsors; above 1.5 
wt pct Si, the surface quality after hot rolling is diminished. ThermoCalc© simulations of these 
alloys predict a V content of 0.1 wt pct V in austenite at 1100 °C in the low V alloys (LoSiLoV 
and HiSiLoV) and 0.19 wt pct V in solution in the high V alloys (LoSiHiV and HiSiHiV). 
Initial ThermoCalc© simulations of the case region after nitriding for the first iteration of 
experimental alloys predict that austenite forms at the nitriding temperature of 525 °C. Although 
the effects of austenite formation during nitriding may prove interesting, they are not the focus of 
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the current project. As a result, additional simulations were performed to evaluate compositions 
that can provide sufficient hardenability while suppressing austenite formation at the nitriding 
temperature.  
 
Simulations of the Fe-0.4C-X-N system where X = Ni, Mn, Si, Mo, V showed that higher 
contents of both Ni and Mn lead to austenite formation during nitriding. However, the Ni and Mn 
contents shown in Table 3.2 are necessary to maintain minimum ideal diameter of 130 mm in 
LoSiLoV. In order to maintain hardenability while minimizing Ni and Mn content to avoid 
austenite formation during nitriding, higher base Si and Mo contents were evaluated. With a base 
Si content of 0.7 wt pct and a base Mo content of 0.25 wt pct, alloys with 1.2 wt pct Ni and 
1.3 wt pct Mn are predicted to not form austenite during nitriding at 525 °C. 
Once the base composition was selected such that austenite formation during nitriding is 
suppressed, austenitizing simulations were conducted. For each alloy, phase amounts and 
compositions at 1100 °C were determined. The bulk V contents were adjusted such that 
0.1 wt pct V is in solution at 1100 °C for the low V alloys, and 0.19 wt pct V is in solution at 
1100 °C for the high V alloys. The compositions of Al, N, and V were iterated such that the 
desired composition of V in solution in austenite was obtained, and the AlN solvus temperature 
is above 1100 °C. An AlN solvus temperature above the austenitizing temperature is desired so 
that AlN particles are present during austenitizing to slow grain growth. The final set of target 
compositions is shown in Table 3.3. Solvus temperatures for AlN and V(C,N) are shown in 
Table 3.4. The AlN solvus temperature for all of the alloys is above 1200 °C, which indicates 
that AlN should be present to provide some grain size control during austenitizing at 
temperatures below 1100 °C. 
Table 3.2  Compositions of First Iteration of Experimental Alloys Simulated in ThermoCalc© 
wt pct C Mn Si  Ni Cr Mo V Al N 
LoSiLoV 0.4 1.0 0.3 3.0 - 0.20 0.10 0.030 0.017 
LoSiHiV 0.4 1.0 0.3 3.0 - 0.20 0.19 0.030 0.017 
HiSiLoV 0.4 1.0 1.5 3.0 - 0.20 0.10 0.030 0.017 




3.2.2 Alloy Production 
Ingots of experimental alloys were vacuum induction melted (VIM) at TimkenSteel 
based on target compositions shown in Table 3.3. The actual compositions, reported as the 
average of ten optical emission spectroscopy (OES) measurements are shown in Table 3.5. At 
the request of the industrial sponsors, a Cr containing alloy, similar to modified AISI 4140, 
labeled LoSiLoV-Cr, was also produced. The composition is similar to LoSiLoV, except Ni is 
removed and Cr is added.  
 
After VIM, the ingots were forged at Solmet. The VIM processed ingots were first 
reheated to 1200 °C – 1250 °C and were then upset forged as shown in Figure 3.2. The 
cylindrical ingots were upset from a height of approximately 305 mm (12.0 in) to approximately 
Table 3.3  Target Compositions of Experimental Alloys Simulated in ThermoCalc© 
wt pct C Mn Si  Ni Cr Mo V Al N 
LoSiLoV 0.4 1.3 0.7 1.2 - 0.25 0.1 0.030 0.017 
LoSiHiV 0.4 1.3 0.7 1.2 - 0.25 0.24 0.034 0.018 
HiSiLoV 0.4 1.3 1.5 1.2 - 0.25 0.11 0.030 0.017 
HiSiHiV 0.4 1.3 1.5 1.2 - 0.25 0.26 0.035 0.018 
 




LoSiLoV 1080 1200 
LoSiHiV 1216 1200 
HiSiLoV 1121 1230 
HiSiHiV 1250 1210 
 
Table 3.5  Average OES Composition Measurements of Experimental Alloys (wt pct) 





0.39 1.39 0.74 0.01 1.01 0.25 0.100 0.037 0.020 0.008 0.01 16 
LoSiLoV 0.38 1.35 0.71 1.19 0.01 0.25 0.097 0.029 0.021 0.008 0.009 17 
LoSiHiV 0.41 1.39 0.75 1.26 0.01 0.26 0.258 0.032 0.021 0.008 0.009 22 
HiSiLoV  0.38 1.42 1.57 1.20 0.01 0.25 0.110 0.034 0.016 0.008 0.010 22 
HiSiHiV  0.40 1.42 1.57 1.20 0.01 0.25 0.25 0.035 0.018 0.005 0.010 31 
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152 mm (6.0 in). After upset forging, each ingot was draw forged from a cylindrical shape into 
an elongated bar with a rectangular cross section as shown in Figure 3.3. The draw forging 
process was conducted such that the center of the cylindrical ingot from VIM corresponded to 
the center of the rectangular cross section bar. The ingots were then cooled to room temperature. 
The rectangular cross section bars were band saw cut into three equal sized pieces along the 
length as shown in Figure 3.4. All pieces of each alloy were subsequently reheated to 1200 °C – 
1250 °C prior to the last draw forging step. The last forging step is represented in Figure 3.5. 
Each piece was draw forged from a cross-section of approximately 76 mm (3.0 in) x 127 mm 
(5.0 in) and 152 mm (5.0 in) long to a cross section of approximately 41 mm (1.6 in) x 140 mm 
(5.5 in) and 254 mm (10 in) long. The center of the original cylindrical ingot from VIM 
corresponded to the center of the rectangular cross section of each draw forged bar. Figure 3.6 
shows how samples used for heat treatment, hardness testing, and later nitriding and fatigue 
testing were machined from each draw forged bar. A total of 96 samples were machined per 
alloy. 
Figure 3.2  Schematic diagram of the upset forging process that was conducted by Solmet on 






Figure 3.3  Schematic diagram of the first draw forging process conducted by Solmet after 
upset forging. The cylindrical ingots from upset forging were draw forged into an elongated 
bar with a rectangular cross-section. The center of the cylindrical ingot from VIM 





Figure 3.4  Schematic diagram of the cutting process conducted by Solmet after the first draw 
forging step. Each rectangular shape ingot was cooled to room temperature and band saw cut 





Figure 3.5  Schematic diagram of the final draw forging process conducted by Solmet. All 





Figure 3.6  Schematic showing the location of sample blanks that were machined out of the 
draw forged bars of each alloy. A total of 96 samples were machined for each alloy.  
 
3.2.3 Selection of Austenitizing Temperature 
The objective of the austenitizing heat treatment step is to result in the same amount of V 
in solution in the three low V alloys, the same amount of V in solution in the two high V alloys, 
and to provide a consistent prior austenite grains size for all conditions. The actual compositions 
of the alloy forgings shown in Table 3.5 were used in ThermoCalc® to simulate austenitizing 
heat treatments in order to estimate the amount of V in solution. A temperature of 1050 °C is 
predicted to result in similar amounts of V in solution in the low V alloys and similar amounts in 
the high V alloys. The predicted amounts of V in solution in austenite at 1050 °C are shown in 
139.70 mm (5.50 in) 143 mm (5.63 in) 
42.7 mm
(1.68 in)
Surface of blank marked








66.68 mm (2.625 in)
X
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Table 3.6. The low V alloys are predicted to have 0.08 – 0.10 wt pct V in solution. The high V 
alloys are predicted to have 0.16 wt pct V in solution. Samples from all of the alloys were heat 
treated in the dilatometer at 1050 °C for 30 min and He quenched at a rate of 200 °C/s to below 
25 °C. Electrochemical dissolution was performed on all of the samples. Table 3.6 shows the 
average and 95 pct confidence limits (CLs) for the four measurements of V content for each 
alloy. Confidence limits were calculated using a pooled standard deviation. All of the low V 
alloys have 0.10 ± 0.013 wt pct V in solution, and all of the high V alloys have 0.23 ± 0.013 
wt pct V in solution.  
 
ThermoCalc® under-predicted the amount of V in solution for all of the alloys. The 
magnitude of the under prediction was greater for the high V alloys compared to the low V 
alloys. The under prediction is likely due to the effect of interfacial energy of curved interfaces 
on equilibrium, or the Gibbs-Thomson effect. The presence of curved interfaces increases the 
free energy of the system and affects solubility. In general, the presence of a curved interface 
around a precipitate particle increases the solubility of that particle in the surrounding matrix. A 
general equation that describes the effect of interfacial energy and interface curvature on 
solubility is 𝑋𝑟 = 𝑋∞𝑒(2𝛾𝑉𝑚𝑅𝑇𝑟 ) (3.1) 
where 𝑋𝑟 is the matrix solubility of a chemical component contained in a precipitate particle with 
a curved interface of radius r, 𝑋∞ is the stable equilibrium matrix solubility of a chemical 
component contained in precipitate with a flat boundary, 𝛾 is the interfacial energy, 𝑉𝑚 is the 
volume per mole of the precipitate phase, 𝑅 is the universal gas constant, and 𝑇 is the absolute 
temperature [3.3]. Equation 3.1 was derived for the case of a binary system where the precipitate 
is a terminal phase with negligible solubility of the other component. Therefore, Equation 3.1 
Table 3.6  Measured and Calculated Amounts of V in Solution in Austenite at 1050 °C 
Alloy 
Measured V Content, Mean ± 95 pct CL 
(wt pct) 
Predicted V Content 
(wt pct) 
LoSiLoV-Cr 0.10 ± 0.013 0.09 
LoSiLoV 0.10 ± 0.013 0.08 
LoSiHiV 0.23 ± 0.013 0.16 
HiSiLoV 0.10 ± 0.013 0.10 
HiSiHiV 0.23 ± 0.013 0.16 
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represents an estimate of the effects of interfacial energy and boundary curvature on solubility. 
Using 1 x 10-5 m3/mol for 𝑉𝑚 which was calculated based on VN with a lattice parameter of 
0.41 nm [3.4], 0.5 – 1.0 J/m2 for 𝛾 which represents the range for an incoherent boundary [3.3], 
and 5 – 15 nm for r, the solubility adjustment factor (exponential term) ranges from 1.1 to 1.5 
which encompasses the range of discrepancies between the ThermoCalc® predictions and 
measured V contents shown in Table 3.6. If it is assumed that the majority of V in solution 
during hot forging precipitated as V(C,N) in ferrite during cooling to room temperature, it is 
reasonable to expect that no additional V would precipitate out upon reheating to austenitizing 
temperatures. The result would be that the majority of the V containing precipitates would not 
have a favorable orientation relationship with austenite after reheating and would thus have 
incoherent boundaries. The larger interfacial energy of the incoherent boundary between the V 
containing precipitates and austenite leads to a greater increase in solubility from the Gibbs-
Thomson effect. 
Slices from the dilatometer samples were also used to measure the prior austenite grain 
size. In an attempt to avoid systematic error from uneven etching, individual grain diameters 
were measured by taking the dimensions that crossed the centers of each visible grain. This 
procedure was conducted rather than using a lineal intercept method to avoid miscounting grain 
intercepts in regions where the etching was either too light or too dark. Average prior austenite 
grain size (PAGS) values after austenitizing at 1050 °C for 30 min are shown in Table 3.7. There 
is not a statistically significant difference between mean prior austenite grain sizes of LoSiLoV, 
LoSiHiV, HiSiLoV and HiSiHiV conditions. However, there is a slight difference between 
LoSiLoV-Cr and the other alloys. Most importantly, there is not a significant difference between 
the prior austenite grain sizes of the alloys in the full factorial matrix, with the average being 
43 ± 3 m (ASTM 6). 
 
Table 3.7  Average Prior Austenite Grain Size after Austenitizing at 1050 °C for 30 min 
Alloy PAGS, Mean ± 95 pct CL (m) 
LoSiLoV-Cr 38 ± 3 
LoSiLoV 44 ± 3 
LoSiHiV 40 ± 3 
HiSiLoV 44 ± 3 




3.2.4 Determination of Bainite Transformation Temperatures 
Three dilatometer samples were austenitized at 1050 °C for 30 minutes and He quenched 
at 200 °C/s to below 25 °C in order to estimate the mean Ms temperature of each alloy. Table 3.8 
shows average Ms temperatures for each alloy. There is not a statistically significant difference 
between the mean Ms temperatures of the low Si alloys, nor is there a statistically significant 
difference between the mean Ms temperatures of the high Si alloys. However, the high Si 
conditions have lower Ms temperatures than the low Si conditions. Decreases in Ms temperature 
with increasing Si content have been reported elsewhere [3.5]. 
 
Bainite transformation (austempering) temperatures were chosen based on the Ms 
temperatures shown in Table 3.8. In order to form bainite at the lowest possible temperature 
without forming martensite, the bainite transformation (austempering) temperature was selected 
to be approximately 20 °C above the Ms temperature. The low Si alloys were isothermally 
transformed at 330 °C for 1 h, and the high Si alloys were isothermally transformed at 305 °C for 
2 h to form bainite after austenitizing at 1050 °C for 30 min. 
3.2.5 Hardness after Tempering and Nitriding Thermal Cycle 
The purpose of evaluating the hardness after the tempering and nitriding thermal cycles is 
to determine the tempering conditions that result in the most V in solution prior to nitriding and 
the highest core hardness after nitriding. Keeping the majority of V in solution prior to nitriding 
allows for the V content in austenite to be used as an estimate for the V content in solution prior 
to nitriding. Each of the five alloys listed in Table 3.5 were heat treated to form martensite and 
bainite. Samples of each alloy and starting microstructure were tempered at 500, 550, 600 or 
650 °C for 1 h, and a subset was then heat treated at 525 °C for 18 h to simulate the nitriding 
thermal cycle. The hardness results after tempering and after the simulated nitriding thermal 
cycle for the Cr-free alloys are shown in Figures 3.7 and 3.8 for martensite and bainite starting 
Table 3.8  Ms Temperatures Determined by Dilatometry 
Alloy Ms, Mean ± 95 pct CL (°C) 
LoSiLoV-Cr 304 ± 16 
LoSiLoV 310 ± 16 
LoSiHiV 309 ± 16 
HiSiLoV 274 ± 16 




microstructures, respectively. Several trends can be observed with both starting microstructures. 
There is a significant decrease in hardness after the simulated nitriding thermal cycle for as-
quenched martensite and as-isothermally transformed bainite, although there is a greater decrease 
in hardness with martensite. None of the alloys in either microstructure show a statistically 
significant reduction in hardness after the simulated nitriding thermal cycle when previously 
tempered in the 500 – 650 ºC range. However, the higher V alloys show significant increases in 
hardness after the simulated nitriding thermal cycle when previously tempered below 600 ºC. 
Hardness after tempering the nitriding thermal cycle for LoSiLoV-Cr martensite and bainite are 
shown in Figures 3.9(a) and (b), respectively. The hardness data for LoSiLoV-Cr with martensite 
and bainite microstructures show similar trends to the data in Figures 3.7 and 3.8. 
In common industrial practice, steels are tempered above 540 ºC for 1 h prior to nitriding 
[3.6]. Figures 3.7 and 3.8 show that for each alloy and starting microstructure, there is no 
significant change in hardness after the simulated nitriding thermal cycle following the 600 ºC 
for 1 h temper. It is likely that significant amounts of V containing MX precipitate during the 
600 ºC temper resulting in less V in solution prior to nitriding. Accordingly, it is likely that lesser 
amounts of MX precipitate during the nitriding thermal cycle. Figures 3.7 and 3.8 show that the 
higher V alloys tempered at 500 ºC for 1 h increase in hardness after the nitriding thermal cycle. 
The increase in hardness after the nitriding thermal cycle likely arises from the V in solution 
after tempering precipitating during the nitriding thermal cycle resulting in additional 
precipitation strengthening. On average, larger increases in hardness after the nitriding thermal 
cycle are measured when tempering is performed at 500 °C. Therefore, the tempering 
temperature that leaves the greatest amount of V in solution is likely 500 °C. For all of the alloys 
shown in Figures 3.7 – 3.9, tempering at 500 or 550 °C results in the highest core hardness after 
nitriding. Therefore, the tempering treatment of 500 °C for 1 h results in the combination of the 
maximum amount of V in solution after tempering and the highest core hardness after nitriding, 













Figure 3.7  Hardness after tempering and after tempering + the simulated nitriding thermal 
cycle of 525°C for 18h for (a) LoSiLoV, (b) LoSiHiV, (c) HiSiLoV, (d) HiSiHiV with a 
martensite starting microstructure. Each symbol represents the mean of 36 indents, and the 












Figure 3.8  Hardness after tempering and after tempering + the simulated nitriding thermal 
cycle of 525°C for 18h for (a) LoSiLoV, (b) LoSiHiV, (c) HiSiLoV, (d) HiSiHiV with a 
bainite starting microstructure. Each symbol represents the mean of 36 measurements, and the 






Figure 3.9  Hardness after tempering and after tempering + the simulated nitriding thermal 
cycle of 525°C for 18h for (a) LoSiLoV-Cr martensite and (b) LoSiLoV-Cr bainite. Symbol 
represents the mean of 36 measurements, and the bars represent 95 pct CLs. 
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A QUANTITATIVE EVALUATION OF MICROALLOY PRECIPITATION 
STRENGTHENING IN MARTENSITE AND BAINITE  
 
This chapter describes an investigation into the influences of V content on strengthening 
mechanisms in martensite and bainite tempered between 500 – 650 °C evaluated by scanning 
electron microscopy, electron backscatter diffraction, transmission electron microscopy, and x-
ray diffraction. A quantitative methodology to measure the volume fraction of microalloy (MX) 
precipitates was employed to directly calculate the contribution of precipitation strengthening 
after tempering at 500 and 650 °C.  
4.1 Introduction 
The addition of small amounts of strong carbide or nitride forming elements is well 
known to increase the strength of steel by the formation of fine carbo-nitride precipitates [4.1]. 
The practice of adding small amounts of alloying elements to achieve significant strengthening, 
or microalloying, is used ubiquitously in steel products for structural applications. Despite the 
pervasive use of this alloying strategy, quantitative evaluation of the magnitude of precipitation 
hardening due to microalloying has not been widely performed due to difficulties measuring the 
low volume fraction (typically less than 0.01) of microalloy precipitates [4.2]. Numerous studies 
on the effects of microalloy precipitation have attempted to quantify the strengthening effects by 
subtraction [4.3 – 4.7]. In other words, the increase in strength is calculated by subtracting the 
properties of a non-microalloyed material from a microalloyed material. The strengthening 
contribution from readily measurable microstructural features such as grain size and pearlite 
fraction are first calculated. The contribution from solid solution strengthening is typically taken 
from empirical models. The remaining difference in measured versus calculated strength is 
attributed to precipitation strengthening, although the size and volume fraction of microalloy 
precipitates are not directly measured. Some authors have attempted to characterize the size of 
the precipitates and calculate or assume the volume fraction in order to estimate the contribution 
of precipitation strengthening [4.8 – 5.10]. However, these estimates do not account for 
potentially higher dislocation densities resulting from microalloy precipitation as hypothesized 
by multiple authors [4.11 – 4.13].  
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The formation of microalloy precipitates during high temperature tempering, or 
secondary hardening, provides for convenient conditions to study the magnitude of precipitation 
strengthening. During high temperature tempering of martensite and bainite in the 500 – 650 °C 
range, MX precipitates form in addition to other microstructural changes such as recovery and 
cementite coarsening [4.14]. Early transmission electron microscopy (TEM) studies by 
Tekin et al. and Smith on secondary hardening in martensite suggest that fine vanadium carbide 
precipitates stabilize dislocation structures and result in higher dislocation densities [4.11, 4.12]. 
In contrast, a later study by Samuel et al. noted that recovery during high temperature tempering 
of martensite was negligibly affected by the precipitation of vanadium carbides [4.15]. None of 
the mentioned studies quantitatively evaluated dislocation density. Siwecki et al. studied the 
effects of V microalloying on bainitic hot strip steels where MX precipitation occurs during 
coiling in the 400 – 600 °C range. It was suggested that the increase in hardness observed with 
vanadium microalloying was primarily a result of higher dislocation density rather than 
precipitation strengthening, although the contributions from dislocations and precipitates were 
both indirectly evaluated by subtraction [4.3]. Huang et al. studied secondary hardening of Nb 
and Mo microalloyed bainite and showed quantitative measurements of higher dislocation 
densities with increased microalloying during high temperature tempering. However, 
quantitative characterization of microalloy precipitation was not performed, so the separate 
contributions of precipitation and dislocation density to strength could not be compared [4.16].  
There are clear indications that higher dislocation densities accompany microalloy 
precipitation during tempering of martensite and bainite. However, there have been no 
quantitative studies that characterize both microalloy precipitation and dislocation density in 
order to understand the relative importance of the two strengthening mechanisms during 
secondary hardening. In the current study, direct measurements of microalloy precipitate volume 
fraction and size, dislocation density, lath size, and cementite size are made, and the values are 
used to predict the increase in strength observed experimentally during secondary hardening. 
4.2 Materials and Methods 
The following sections describe key parameters used for simulations and experiments 
performed in order to evaluate the influences of V content on strengthening mechanisms in 
tempered martensite and bainite. 
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4.2.1 Alloy Compositions and Heat Treatments 
Samples of LoSiLoV and LoSiHiV steels heat treated to form martensite or bainite and 
tempered at 500, 550, 600, or 650 °C for 1 h, as described in Chapter 3, were used for the 
investigation. Within this chapter, LoSiLoV (0.1 wt pct V) is referred to as “Low V” and 
LoSiHiV (0.23 wt pct V) is referred to as “High V.” 
4.2.2 ThermoCalc© Simulations 
ThermoCalc© version 2017a using the TCFE9 database was used to estimate the 
equilibrium volume fraction of microalloy (herein after referred to as MX) precipitates as a 
function of alloy composition and tempering temperature. Numerous studies have shown 
evidence that both Mo and V are contained in cubic MX (where M = Mo,V and X = C, N) type 
precipitates formed during tempering [4.17 – 4.19]. Accordingly, simulations were performed in 
order to calculate the volume fraction of MX that contain both V and Mo. Simulations were 
performed using the mean, upper and lower confidence limits (CLs) of V content in solution for 
the low and high V alloys shown in Table 3.6. ThermoCalc© provides data for phase amounts in 
terms of weight fraction. In order to convert weight fraction into volume fraction, the density of 
ferrite, cementite and MX must be used. The densities for pure iron BCC ferrite and cementite 
were taken as 7.87 and 7.64 g/ml, respectively. The density of MX was calculated using an 
average composition from ThermoCalc©, an estimated average lattice parameter from selected 
area diffraction patterns (SADPs) in transmission electron microcopy (TEM) of 0.407 ± 0.003 
nm, and the rock-salt prototype crystal structure. The average density of MX was calculated to 
be 6.70 g/ml. Both the volume and weight fraction of the MX phase is less than 0.01, so there is 
a small difference between weight and volume fraction. Weight fraction was converted to 
volume fraction in order to be rigorous in comparing ThermoCalc© results to values measured in 
TEM.  
4.2.3 Scanning Electron Microscopy (SEM) 
SEM was performed on metallographically prepared specimens etched with 1 pct nital in 
order to evaluate the size of cementite particles. A FEI Helios 600i SEM was used with a beam 
energy of 5 keV, a beam current of 1.4 nA, and a working distance of 4 mm. In order to calculate 
the amount of strengthening from cementite precipitates, some stereological assumptions were 
made. Particles with an aspect ratio of 2 or less were considered to be spheres, and particles with 
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an aspect ratio of 2 or greater were considered to be cylinders. The diameter of a sphere with 
equivalent volume for each particle was used in a model to predict strength. The average particle 
size was calculated for each field of view at 25,000 X or 50,000 X depending on the size of the 
cementite particles. Six fields of view were measured per condition evaluated. Approximately 
1,000 cementite particles were analyzed per condition. The average cementite size is reported as 
the diameter of a sphere with equivalent volume. 
4.2.4 Electron Backscatter Diffraction (EBSD) 
EBSD was performed on metallographically prepared and vibratory polished specimens 
in order to evaluate subgrain size and morphology. An EDAX EBSD detector on a FEI Helios 
600i was used with a beam energy of 15 keV, a beam current of 11 nA, a working distance of 12 
- 14 mm, and a step size of 100 nm. EBSD data were analyzed in the TSL OIM Analysis 8 
software package. A subgrain is defined by a boundary of 1º misorientation or greater. Subgrain 
and image quality (IQ) maps were generated by performing a nearest neighbor confidence index 
(CI) correlation using a minimum value of 0.1, and a grain dilation using a misorientation angle 
of 1º. Subgrain maps show regions identified as the same subgrain by color coding. The mean 
subgrain size was obtained by calculating the mean subgrain size of six fields of view at 5,000 X 
magnification. The subgrain size is reported as the diameter of an equiaxed subgrain of 
equivalent area. 
4.2.5 Transmission Electron Microscopy (TEM) 
TEM was used to evaluate the degree of MX precipitation during tempering. The MX 
phase has a rock-salt crystal structure and obeys the Baker-Nutting orientation relationship when 
precipitated in ferrite, where  {100}𝑓𝑒𝑟𝑟𝑖𝑡𝑒 ∥  {100}𝑀𝑋 𝑎𝑛𝑑 〈010〉𝑓𝑒𝑟𝑟𝑖𝑡𝑒 ∥ 〈011〉𝑀𝑋 [4.2]. A 
quantitative methodology was employed to measure the volume fraction of MX precipitates in 
ferrite. A 30 keV gallium focused ion beam (FIB) on a FEI Nanolab 600i was used to prepare 
TEM specimens containing a [100] ferrite zone. Final thinning of TEM specimens was 
performed with a beam energy of 2 keV. A FEI Talos F200X TEM with a 200 keV beam energy 
was used for bright field (BF) and centered dark field (CDF) imaging. Figure 4.1 shows a 
schematic SADP of a [100] zone of ferrite, all three variants of MX, and Fe3O4 commonly 
observed in steel samples. From a [100] zone in ferrite, variant 2 and 3 of MX can be imaged in 
CDF by tilting to the 020 and 002 type ferrite two beam conditions. Variant 1 of MX cannot be 
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readily imaged because all of the MX g vectors are coincident with the ferrite g vectors. The 200 
type g vector for MX was used for CDF imaging in all cases.  
 
In order to evaluate precipitate volume fraction, the convergent beam electron diffraction 
(CBED) technique using the 〈002〉 type ferrite g-vector was used to make sample thickness 
measurements [4.21]. When performing the CBED technique, the largest C2 condenser aperture, 
smallest C1 condenser aperture, nano-probe mode, and spot size 8 were used. These settings 
resulted in Kossel-Möllenstedt (K-M) patterns where the discs touch but do not significantly 
overlap. The CBED technique is based on intensity variations within the discs of the K-M 
patterns that result from variations in the effective deviation parameter. Intensity minima in the 
disc of the excited g-vector in a two-beam condition occur when the product of the sample 
thickness and effective deviation parameter is equal to an integer value. The resulting expression 
that can be used to determine sample thickness from the spacings of the intensity minima is: (𝑠𝑖𝑛𝑖)2 + ( 1𝑛𝑖2) ( 1𝜉𝑔2) =  1𝑡2 (4.1) 
where  𝑛𝑖 is a positive interger, 𝑠𝑖 is the deviation parameter of the ith intensity minimum, 𝜉𝑔 is 
the extinction distance of a given g-vector, and 𝑡 is the sample thickness [4.21]. Tables of 
 
Figure 4.1   Schematic SADP of a [100] zone in ferrite showing three variants of MX with the 
Baker-Nutting orientation relationship and two variants of Fe304. Adapted from [4.20]. 
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extinction distances are available for various materials, g-vectors, and beam energies. The 
extinction distance for the 〈002〉 type g-vector in pure BCC iron with a 200 keV beam energy is 
50.08 nm [4.22]. The deviation parameter can be calculated from measurements of the K-M 
patterns using the expression: 𝑠𝑖 = 𝑔2𝜆 (Δ𝜃𝑖2𝜃𝐵) (4.2) 
where 𝑔 is the magnitude of the g-vector which is also equal to the reciprocal of the interplanar 
spacing, 𝜆 is the wavelength of the incident electron beam, Δ𝜃𝑖 is the angle between the intensity 
maximum and the ith intensity minimum in the disc of the excited g-vector, and 𝜃𝐵 is the Bragg 
angle for the excited g-vector [4.21].  
The sample thickness can be determined by plotting the measurements taken from a K-M 
pattern according to Equation 4.1, finding the vertical intercept, and solving for 𝑡. Figure 4.2 
shows examples of determining sample thickness from K-M patterns. Figure 4.2(a) shows a K-M 
pattern taken from a region in the TEM sample of high V bainite tempered at 500 ºC for 1 h. The 
measurements from the K-M pattern are plotted according to Equation 4.1 in Figure 4.2(b). The 
intercept was calculated based on a linear regression of the data. The calculated thickness is 
88 nm and the extinction distance is 50 nm. In instances where the sample is so thin that there is 
only one intensity minimum, it is assumed that the extinction distance was equal to that of pure 
iron, and the sample thickness was calculated by solving Equation 4.1. The extinction distances 
calculated from measurements of K-M patterns with more than two intensity minima varied by ± 
5 nm around the value of pure iron, 50 nm. Replication of thickness measurements in the same 
location yield variations in thickness less than 5 nm. However, larger variations are observed 
when thickness measurements are taken in different locations within the same field of view at 
approximately 200,000 X which represents actual changes in thickness. 
The MX precipitates were assumed to be disk shaped viewed edge-on in the CDF 
micrographs. The volume fraction of a given variant of MX was obtained by calculating the total 
volume of precipitates illuminated in a CDF micrograph divided by the total viewed volume. A 
volume fraction measurement and an average particle size measurement were taken for each of 
the two variants of MX in a given field of view at approximately 200,000 X. Six measurements 
of volume fraction and particle size were performed per condition evaluated. Between 
100 – 500 particles were analyzed per condition tempered at 500 ºC, and between 2,000 – 6,000 
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particles were analyzed for conditions tempered at 650 ºC. The dimensions of the MX 
precipitates measured in CDF were used to calculate the size of spheres with equivalent volume 
in order to apply a strength model to the data. 
  
(a) (b) 
Figure 4.2  Representative example of a TEM sample thickness measurement using the CBED 
technique. (a) K-M pattern obtained from a sample of high V bainite tempered at 500 °C for 1 
h. (b) Plot of measurements from the K-M pattern used to determine sample thickness. 
 
4.2.6 X-ray Diffraction (XRD) 
XRD was performed in order to evaluate dislocation density based on line broadening. 
Samples for XRD were polished with SiC papers down to 1200 grit, and then chemically 
polished using a HF and hydrogen peroxide solution to remove at least 10 m from the surface.  
A Cu x-ray source was used to scan between 35 – 145 º 2 in order to measure the {110}, {200}, 
{211}, {220}, {301}, and {222} peaks from ferrite. A pseudo-Voight profile was used to fit the 
diffraction patterns. A silicon standard was used to obtain instrumental broadening in order to 
calibrate the measurements. Peak positions and full width half maximum (FWHM) data were 
analyzed using a modified Williamson-Hall method in order to evaluate dislocation density. The 
modified Williamson-Hall method allows for the peak broadening contributions from crystallite 
size and strain to be deconvoluted. The strain broadening component is assumed to be derived 
solely from the strain fields surrounding dislocations, and the dislocation density can be 
estimated by comparing the extent of strain broadening measured in the peaks of a diffractogram 
High V Bainite
500 ºC 1 h
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to the degree which edge and screw dislocations are expected to distort the interplanar spacings 
of various planes. The equation used to evaluate dislocation density was ∆𝐾 ≅ 0.9𝐷 + 𝑏𝑀√𝜋𝜌2  (𝐾𝐶̅12) (4.3) 
where ∆𝐾 is the range of reciprocal space scattering vectors associated with each peak, which is 
related to the FWHM (less the instrumental broadening) and the incident beam wavelength; 𝐷 is 
the crystallite size; 𝑏 is the magnitude of the Burgers vector; 𝑀 is the dislocation arrangement 
factor; 𝜌 is dislocation density; 𝐾 is the reciprocal space scattering vector for each peak, which is 
related to the 2 position of each peak and the incident beam wavelength; and 𝐶̅ is the average 
dislocation contrast factor. The values for the average dislocation contrast factors for BCC iron 
with the 〈110〉{1̅11} slip system were used, and the dislocation arrangement factor determined 
from a tempered medium carbon martensite was used [4.23]. Linear regression was performed 
on plots of ∆𝐾 vs 𝐾𝐶̅12, and the slopes were used to calculate 𝜌. Three XRD scans were 
performed per condition evaluated. Figure 4.3 shows a representative example of a plot used to 
evaluate dislocation density for a sample of high V martensite tempered at 500 °C for 1 h. 
 
Figure 4.3  Representative example of a Modified Williamson-Hall plot used to evaluate 
dislocation density from line broadening in XRD. The data shown are for low V martensite 
tempered at 500 °C for 1 h 
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4.2.7 Hardness Testing 
Hardness data after tempering for low V (LoSiLoV) and high V (LoSiHiV) martensite 
and bainite presented in Chapter 3 are used as a basis to analyze the influence of V content on 
the hardness after tempering. 
4.3 Results 
The following section describes the results of hardness testing and quantitative 
microstructural characterization to evaluate the influences of V content on strengthening 
mechanisms during high temperature tempering. 
4.3.1 Hardness after Tempering 
Figure 4.4 shows hardness as a function of tempering temperature for the low V and high 
V alloys with martensite and bainite microstructures. Figures 4.4(a) and (b) show that both the 
low and high V alloys exhibit a decrease in hardness between the as transformed condition, 
shown as tempering at 25 ºC, and tempering at 500 ºC for 1 h for martensite and bainite, 
respectively. The hardness decreases slightly in low V martensite between 500 and 600 ºC and 
decreases to a larger extent from 600 to 650 ºC. However, high V martensite shows an increase 
in hardness between 500 and 600 ºC followed by a decrease in hardness between 600 and 650 ºC. 
Low V bainite exhibits a slight increase in hardness between 500 and 600 ºC followed by a 
decrease in hardness from 600 to 650 ºC. High V bainite behaves similarly to high V martensite 
in that the hardness increases from 500 to 600 ºC and then decreases from 600 to 650 ºC. For 
tempering temperatures between 500 and 600 ºC, both alloys with martensite microstructures 
have higher hardness than the corresponding bainite conditions, whereas the bainite 
microstructures show higher hardness at 650 ºC.  
In order to evaluate the change in hardness as a result of the increase in V content, the 
difference in hardness between low V and high V conditions is plotted as a function of tempering 
temperature and starting microstructure in Figure 4.4(c). Despite subtle differences between the 
tempering behavior of the low V alloy with martensite and bainite starting microstructures, there 
is not a statistically significant difference between the increase in hardness from the increase in 
V content in martensite and bainite. The increase in V content results in larger increases in 
hardness with increasing tempering temperature from 500 to 600 ºC and does not change 




          (a)           (b) 
 
     (c) 
The tempering behavior exhibited in Figure 4.4 is consistent with secondary hardening 
where microalloy precipitates, or MX phase, form during tempering. Because the precipitation of 
MX from supersaturated ferrite is a thermally activated process, it is expected that the extent to 
Figure 4.4   Hardness as a function of tempering temperature for low V and high V alloys with 
a (a) martensite microstructure and (b) bainite microstructure. (c) Increase in hardness from an 
increase in V content, taken as the difference between low V and high V alloys, as a function 
of tempering temperature. The symbols represent the mean of 30 measurements, and the bars 
are 95 pct confidence limits (CLs). Tempering was performed for 1 h.   
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which MX forms should depend on temperature for a fixed tempering time. The larger increase 
in hardness from the increase in V content at higher tempering temperatures is likely, at least in 
part, from the greater volume fraction of MX precipitates that are able to form at higher 
temperatures. 
4.3.2 MX Volume Fraction Measurements 
The results of quantitative MX volume fraction measurements from TEM are shown in 
Figure 4.5. Figure 4.5(a) shows the effects of V content on MX volume fraction in bainite and 
martensite after tempering at 500 ºC for 1 h. The data in Figure 4.5 show volume fractions 
measured from one out of three possible variants of MX, which is assumed to be one third of the 
total volume fraction. The increase in V content results in an increase in MX volume fraction in 
both bainite and martensite, and there is not a statistically significant difference in MX volume 
fraction between bainite and martensite.  
 
 
          (a)           (b) 
The measured values of MX volume fraction are on the order of 10-6 after tempering at 
500 °C. Figure 4.5(a) also shows equilibrium MX volume fractions that were determined by 
ThermoCalc© calculations. The equilibrium values are on the order of 10-3, which is three orders 
Figure 4.5  Volume fraction of 1 out of 3 variants of MX determined by TEM as a function of 
V content for martensite and bainite tempered at (a) 500 ºC for 1 h, and (b) 650 ºC for 1 h. 
Symbols represent the mean of 6 measurements, each taken on a single variant of MX from a 
field of view at approximately 200,000 X. The error bars represent 95 pct CLs. Note that the 
scale is different between (a) and (b). 
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of magnitude higher than the experimentally measured volume fractions. There remains a large 
driving force to form MX at 500 ºC as evidenced by the 1000 X discrepancy between the 
observed and calculated equilibrium volume fractions, but the precipitation of MX is likely 
limited by the low atomic mobility associated with tempering at 500 ºC for 1 h. Figure 4.5(b) 
shows the effects of V content on MX volume fraction after tempering at 650 ºC for 1 h; note 
that the scale is different than Figure 4.5(a). Similar to tempering at 500 ºC, the increase in V 
content leads to an increase in the observed MX volume fraction in both martensite and bainite, 
and there is not a difference between the MX volume fraction observed in martensite and bainite. 
After tempering at 650 ºC, the observed MX volume fractions are on the same order of 
magnitude as equilibrium, although the observed values are generally lower than equilibrium. 
Yamasaki et al. reported that an Fe-0.1C-1.99Mn-0.56V alloy quenched and tempered at 600 ºC 
took up to 100 h to reach the expected metastable equilibrium volume fraction, which is lower 
than the stable equilibrium volume fraction and accounts for the Gibbs-Thomson effect [4.24]. 
Thus, it is expected that the observed volume fraction of MX after a 1 h tempering treatment at 
650 ºC is lower than the stable equilibrium value, which has no consideration for surface energy.  
Representative TEM micrographs of high V bainite tempered at 500 ºC for 1 h are shown 
in Figure 4.4. Figures 4.6(a) and (b) are a TEM bright field (BF)/CDF pair. Numerous fine MX 
precipitates are present in the CDF micrograph in Figure 4.6(b). Arrows in the CDF point out 
arrays of MX precipitates. Arrows in the BF micrograph, corresponding to the same locations as 
in the CDF micrograph, point to regions of strain contrast likely associated with dislocations. It 
is clear that MX precipitates and dislocations interact by either MX nucleating on dislocations or 
through MX precipitates pinning dislocations. Thus, it is possible that MX precipitates slow 
recovery during tempering. Representative TEM micrographs of high V bainite tempered at 
650 ºC for 1 h are shown in Figure 4.7. Figures 4.7(a) and (b) and also (c) and (d) are BF/CDF 
pairs of the same field of view except in the first pair, (b) illuminates one variant of MX, and in 
the second pair, (d) illuminates another variant. Figure 4.1 shows that the {200} planes of MX 
and the {200} planes of ferrite exhibit lattice matching and are known to comprise the habit 
plane between the two phases. The MX precipitates shown in Figure 4.7 are elongated parallel to 
this habit plane for each variant. Similar to Figure 4.6, arrows point to arrays of MX precipitates 
in the CDF micrographs in Figure 4.7 that correspond to regions of strain contrast, likely from 
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dislocations shown in the BF micrographs. These observations again are consistent with the 
expectation of MX precipitates slowing recovery.  
  
(a) (b) 
There is a noticeable difference in the size of the MX precipitates at the two tempering 
temperatures, comparing Figures 4.6 and 4.7. After tempering at 500 ºC, the MX precipitates are 
elongated, and measure 1.7 nm long and 1.1 nm thick. After tempering at 650 ºC for 1 h, the MX 
precipitates are 2.8 nm long and 1.5 nm thick. However, no significant difference is observed in 
the size of the MX precipitates based on V content or matrix microstructure.  
4.3.3 Dislocation Density 
The formation of fine MX precipitates can affect recovery that occurs during tempering. 
Therefore, the dislocation density of the low and high V alloys with bainite and martensite 
starting microstructures tempered at 500 and 650 °C for 1 h was also evaluated and shown in 
Figure 4.8. Figure 4.8(a) shows that an increase in V content results in a higher dislocation 
density for both bainite and martensite when tempered at 500 ºC for 1 h. Furthermore, there is 
not a significant difference between the dislocation density of bainite and martensite in these 
processing conditions.  
Figure 4.6  (a) TEM BF and (b) CDF micrographs of high V bainite tempered at 500 ºC for 
1 h. The SADP in the inset of (b) shows the location of the objective aperture during CDF 
imaging by the location of the arrow. Arrows in the BF and CDF micrographs point to arrays 






Figure 4.8(b) shows that increased V contents also result in higher dislocation densities 
for bainite and martensite when tempered at 650 ºC for 1 h. Unlike tempering at 500 ºC, both low 
and high V alloys with bainite microstructures apparently have higher dislocation densities than 
the same alloys with martensite microstructures. The higher dislocation densities in the higher V 
Figure 4.7  (a)(c) TEM BF and (b)(d) CDF micrographs of high V bainite tempered at 650 ºC 
for 1 h. (a)(b) and (c)(d) are BF/CDF pairs. The CDF micrographs in (b) and (d) illuminate 
two different variants of MX precipitates in the same field of view. The SADPs in the inset of 
(b) and (c) show the location of the objective aperture during CDF imaging by the location of 
an arrow. Arrows in the BF/CDF pairs point to arrays of MX precipitates at dislocations. 
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conditions are likely a result of MX precipitates slowing recovery by interacting with 
dislocations during tempering as evidenced by the TEM micrographs in Figures 4.6 and 4.7. 
  
          (a)           (b) 
4.3.4 Cementite Size 
The cementite size was evaluated after tempering and no significant effect of V content is 
observed. Representative micrographs of bainite and martensite tempered at 500 and 650 °C are 
shown in Figure 4.9. A representative micrograph of low V bainite tempered at 500 °C for 1 h is 
shown in Figure 4.9(a). The cementite particles are elongated within the bainite laths typical of a 
lower bainite microstructure. Cementite particles are also present at boundaries in the bainite 
microstructure tempered at 500 °C. The mean cementite size in the bainite microstructure 
tempered at 500 °C for 1 h is 69 ± 7 nm. The cementite particles in the low V martensite 
microstructure tempered at 500 °C shown in Figure 4.9(b) appear to be primarily at lath 
boundaries, and the mean size is 57 ± 7 nm. After tempering at 650 °C for 1 h, the cementite 
particles in both bainite and martensite, shown in Figures 4.9(c) and (d) respectively, have 
coarsened compared to the conditions tempered at 500 °C. The mean cementite sizes for bainite 
and martensite tempered at 650 °C for 1 h are 113 ± 7 nm and 107 ± 7 nm, respectively.  
 
Figure 4.8  Dislocation density determined by XRD as a function of V content for bainite and 
martensite tempered at (a) 500 ºC for 1 h and (b) 650 ºC for 1 h. Symbols represent the mean of 
3 measurements. The bars represent 95 pct CLs.  
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          (a)           (b) 
  
          (c)           (d) 
4.3.5 Subgrain Size 
Subgrain size was evaluated using EBSD after tempering, and no significant effect of V 
content is observed. Representative subgrain maps are shown in Figure 4.10 for low V bainite 
and martensite tempered at 500 and 650 °C. The subgrain maps shown in Figure 4.10 delineate 
Figure 4.9  Representative SEM micrographs of (a) low V bainite tempered at 500 °C for 1 h, 
(b) low V martensite tempered at 500 °C for 1 h, (c) low V bainite tempered at 650 °C for 1 h, 
and (c) low V martensite tempered at 650 °C for 1 h. No significant effect of V on cementite 
size was observed. Samples etched with 1 pct nital. 
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regions separated by boundaries of 1° misorientation or greater, which is approximately the lath 
boundary misorientation in both microstructures.   
  
          (a)           (b) 
  
          (c)           (d) 
The subgrain sizes of bainite and martensite tempered at 500 °C for 1 h are 680 ± 30 nm 
and 450 ± 30 nm, respectively. After tempering at 650 °C for 1 h, the subgrain sizes of bainite 
Figure 4.10  Representative EBSD subgrain maps of (a) low V bainite tempered at 500 °C for 
1 h, (b) low V martensite tempered at 500 °C for 1 h, (c) low V bainite tempered at 650 °C for 
1 h, and (c) low V martensite tempered at 650 °C for 1 h. No significant effect of V content on 
subgrain size was observed. A subgrain is defined by a boundary of 1° misorientation or 
greater. 
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and martensite are 720 ± 30 nm and 480 ± 30 nm, respectively. The martensite microstructures 
have finer subgrain sizes than the bainite microstructures after tempering at both 500 and 650 °C. 
4.4 Discussion 
The following sections discuss predictions of a microstructure based model used to 
predict the contributions of V content to observed increases in hardness after tempering. A 
general discussion of strengthening mechanism in secondary hardening is also provided.  
4.4.1 Hardness Predictions from a Microstructure Based Model 
A model accounting for all microstructural features measured was used in order to predict 
the hardness of the conditions evaluated. For strengthening mechanisms where V content does 
not have a significant effect, e.g. cementite size and subgrain size, the same value is used for 
both high and low V conditions. In order to calculate the strengthening contribution from 
dislocation density, the Taylor model is used,  ∆𝜎𝜌 = 𝑀𝛼𝐺𝑏√𝜌 (4.4) 
where 𝑀 is the Taylor factor; 𝛼 is a geometrical factor related to the character of the dislocations 
and the distance from the core of the dislocations over which the lattice is strained; 𝐺 is the shear 
modulus; 𝑏 is the magnitude of the Burgers vector; and 𝜌 is the dislocation density [4.25]. The 
Ashby-Orowan model adapted for cubic polycrystalline materials with spherical precipitates is 
used to calculate the MX precipitation strengthening component, 
Δ𝜎𝑝𝑝𝑡 = (0.538𝐺𝑏𝑓12𝑋 ) 𝑙𝑛 ( 𝑋2𝑏) (4.5) 
where 𝐺 is the shear modulus expressed in MPa; 𝑏 is the magnitude of the Burgers vector 
expressed in mm; 𝑓 is the volume fraction of the precipitates; and 𝑋 is the diameter of the 
precipitates expressed in mm [4.26]. The Ashby-Orowan model is also used to calculate 
precipitation strengthening from cementite. The volume fraction of cementite used for all cases is 
0.055. Because V does not have a significant effect on the cementite size, the value of the low V 
condition for bainite and martensite is used. The contribution from subgrain size, defined by a 
misorientation of greater than 1º, is evaluated with an expression that was developed to model 
the effects of subgrains [4.27] and has been used by other authors to model the strengthening 
effect of subgrain structures such as laths [4.25, 4.28, 4.29] in the form 
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∆𝜎𝑆𝐺𝑆 = 𝑀𝐺𝑏𝑑  (4.6) 
where 𝑀,𝐺, 𝑏 have the same meanings as in Equation 4.2; and 𝑑 is the size of the region 
surrounded by low angle boundaries or the size of a lath. Equation 4.6 is very close to the 
fundamental equation for a dislocation bowing between two strong obstacles, except in the 
present application, it is assumed that a free dislocation segment the length of the subgrain size 
can glide within the subgrain. Because V does not have a significant effect on the subgrain size, 
the value of the low V condition for bainite and martensite is used. Equations 4.4 – 4.6 express 
strengthening contributions in terms of increases in yield strength. Yield strength can be 
converted into hardness assuming perfectly plastic behavior by 𝐻 = 3𝜎 (4.7) 
where 𝜎 is the yield strength expressed in MPa and 𝐻 is a hardness value, such as Vickers 
hardness expressed in MPa [4.30]. When considering multiple strong obstacles to dislocation 
motion such as other dislocations and non-shearable precipitates, the strengthening components 
are not linearly additive. Rather, a root sum of squares was proposed by Koppenaal and 
Kuhlmann-Wilsdorf [4.31] to combine the contributions of multiple strong obstacles in the form, ∆𝜎𝑡𝑜𝑡𝑎𝑙 = √∆𝜎𝜌2 + ∆𝜎𝑝𝑝𝑡,𝑀𝑋2 + ∆𝜎𝑝𝑝𝑡,𝜃2 + ∆𝜎𝑆𝐺𝑆2   (4.8) 
where ∆𝜎𝜌 is the strengthening contribution due to dislocation density; and Δ𝜎𝑝𝑝𝑡,𝑀𝑋 is the 
strengthening contribution due to MX precipitation strengthening; Δ𝜎𝑝𝑝𝑡,𝜃 is cementite 
precipitation strengthening; and ∆𝜎𝑆𝐺𝑆 is the contribution from subgrain size strengthening. The 
root sum of squares functionality takes into account the average spacing between all strong 
obstacles to dislocation motion in the microstructure. The values of the constants used in the 
model are 3.0 for the Taylor factor 𝑀; 0.2 for the geometrical factor 𝛼; 81.6 GPa for the shear 
modulus 𝐺; and 0.248 nm for 𝑏. Solid solution strengthening is considered to be constant 
between the various conditions and is not included in the model. 
The difference in hardness values of low and high V alloys with bainite and martensite 
microstructures tempered at 500 and 650 ºC is calculated using Equations 4.4 – 4.8. For each 
condition, the only differences in the components of the strength model are due to the observed 
differences in dislocation density and MX volume fraction, which are both affected by V content. 
Figure 4.11 shows the predicted increases in hardness compared to measured increases in 
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hardness from increased V content. In general, there is not a statistically significant difference 
between the hardness predictions and measured results. After tempering at 500 ºC, the model 
suggests that the majority of the strengthening imparted by increased V content results from 
higher dislocation densities in both martensite and bainite. As previously discussed, increased 
MX precipitation slowing recovery is likely a contributor to the higher dislocation densities 
observed with higher V contents. In contrast to tempering at 500 ºC, the model suggests that the 
majority of the strengthening imparted by increased V content after tempering at 650 ºC is a 
result of increased MX precipitation strengthening.  
 
The results of the hardness model shown in Figure 4.11 indicate that significant errors 
can be made if the magnitude of precipitation strengthening is evaluated by means other than 
directly quantifying dislocation density and MX precipitate volume fraction and size. If 
calculated by the simple subtraction of the hardness of high and low V conditions, the magnitude 
of precipitation strengthening would be overestimated. Increased dislocation densities contribute 
to the higher hardness values observed with increased V content, particularly after tempering at 
500 °C where the majority of strengthening comes from higher dislocation densities rather than 
greater magnitudes of precipitation strengthening. If precipitation strengthening is calculated 
Figure 4.11  Values of a strength model and measured results for the increase in hardness from 
an increase in V content in martensite and bainite tempered at (a) 500 ºC for 1 h and (b) 650 ºC 
for 1 h. The error bars represent 95 pct CLs. Values are based on differences in hardness and 
microstructural features between low and high V alloys. 
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assuming equilibrium volume fractions of MX, Figure 4.5 shows that the magnitude would also 
be overestimated. The observed MX volume fraction is below equilibrium values even after 
tempering at 650 °C for 1 h which is in the high end of tempering temperatures typically 
associated with secondary hardening. In order to accurately account for the strengthening 
mechanisms influenced by microalloying, it is necessary to quantify both dislocation density and 
MX volume fraction and size. 
4.4.2 Strengthening Mechanisms in Secondary Hardening 
The variation in the contribution of dislocation density and MX precipitation with 
tempering temperature is expected based on kinetic considerations. At lower tempering 
temperatures, there is less thermal energy available to provide mobility for dislocation 
annihilation and rearrangement. Increased V content appears to have a greater retarding effect on 
recovery when dislocation mobility is lower, i.e. tempering at 500 °C. Considering that the 
majority of V is still in solution in ferrite after tempering at 500 °C, it is possible that increased 
solute V in addition to increased volume fractions of MX mitigates recovery with higher V 
contents. However, after tempering at 650 °C, significant MX precipitation occurs, and solute V 
likely has a minor effect on recovery. The hardness predictions indicate that increased MX 
volume fractions are less effective at slowing recovery at 650 °C when dislocation mobility is 
higher. As previously discussed, the extent of MX precipitation within a 1 h tempering treatment 
is greater at 650 °C compared to 500 °C likely due to the increased diffusion rates of elements 
contained in the MX phase. As a result, greater MX precipitation is observed at the higher 
tempering temperature of 650 °C resulting in a greater contribution from MX precipitation 
strengthening. Because of the competing effects of recovery and MX precipitation during 
tempering, peak hardness for both bainite and martensite occurs at approximately 600 °C, which 
is interpreted to be due to sufficient MX precipitation and moderate recovery. 
The bainitic and martensitic microstructures have different amounts of heterogeneous 
nucleation sites for MX precipitation due to differences in dislocation density and subgrain 
boundary area. In the as-quenched condition, the martensite microstructures have dislocation 
densities on the order of 4 x 1015 whereas the bainite microstructures had dislocation densities on 
the order of 2 x 1015. The subgrain size of the as-quenched martensite is smaller than that of 
bainite as well. However, the experimental measurements of MX volume fraction and size 
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suggests there is no significant difference in MX precipitation in martensite and bainite tempered 
at 500 and 650 °C. After tempering at 500 °C for 1 h, there is no significant difference in 
dislocation density between martensite and bainite, although the subgrain size of martensite was 
finer than that of bainite. It appears that the rate of dislocation annihilation during recovery far 
exceeds the rate of MX precipitation, such that the difference in dislocation density between 
bainite and martensite is eliminated by the time MX precipitates form and are able to affect 
recovery. After tempering at 650 °C for 1 h, the dislocation density of bainite is higher than that 
of martensite. Once again, despite the difference in dislocation density between bainite and 
martensite tempered at 650 °C, the volume fraction and size of MX precipitates are not 
significantly different between bainite and martensite.  
Both the low and high V alloys with a bainite microstructure tempered at 650 °C have a 
higher hardness than the same alloys with a martensite microstructure tempered at 650 °C, which 
is in contrast to martensite having a higher hardness for all other conditions evaluated. 
Dislocation density is the only significant difference between the two microstructures after 
tempering at 650 °C that could lead to a higher hardness in bainite; the dislocation density of low 
and high V bainite is higher than that of martensite. The different rates of dislocation annihilation 
during tempering at 650 °C may be due to differences in subgrain or lath size. If it is assumed 
that lath walls are the primary sites for annihilation, dislocations have to travel a longer distance 
to reach lath walls and annihilate in bainite due to the larger lath size. Furthermore, cementite 
particles are within the laths in bainite whereas cementite is primarily at lath boundaries in 
martensite. The intra-lath cementite particles in bainite may act as obstacles effectively slowing 
the rate at which dislocations can reach lath walls and annihilate. The higher hardness of bainite 
compared to martensite after tempering at 650 °C may indicate that bainite microstructures are 
better suited to higher temperature applications where the retention of hardness is desirable. 
4.5 Conclusions 
A low and high V containing version of a medium carbon steel was heat treated to form 
martensite and bainite, and tempered at 500, 550, 600, or 650 °C for 1 h. The increase in V 
content results in higher hardness values after tempering at each temperature. Furthermore, there 
is a greater increase in hardness from increased V at higher tempering temperatures. Quantitative 
microstructural evaluations were performed in order to evaluate strengthening mechanisms 
influenced by V content. Increased V contents resulted in higher dislocation densities and higher 
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MX volume fractions after tempering at 500 and 650 °C for 1h. The majority of the 
strengthening imparted by increased V content is predicted to be a result of higher dislocation 
density after tempering at 500 °C for 1 h. It is interpreted that the higher dislocation density in 
the higher V alloys is a result of a higher volume fraction of MX precipitates slowing recovery. 
In contrast, the majority of the strengthening imparted by higher V contents after tempering at 
650 °C for 1 h is predicted to be due to increased MX precipitation strengthening. Although 
higher dislocation densities are also observed in higher V alloys tempered at 650 °C for 1 h, the 
contribution of dislocation density to the increase in strength is minor compared to the magnitude 
of MX precipitation strengthening. After tempering at 650 °C for 1 h, the dislocation density of 
the bainite microstructures are higher than that of martensite even though there is not a 
significant difference in MX volume fraction and size between bainite and martensite. The 
results of the study indicate that by quantitative characterization of MX volume faction and size 
and dislocation density, and the application of simple strength models, the increase in hardness 
from increased V content observed during tempering can be predicted. Similarly, without 
quantitative characterization of MX precipitation and dislocation density, the magnitude of 
precipitation strengthening would be overestimated if determined by subtraction. Overall, 
increased dislocation densities and increased MX precipitation strengthening are both 
significantly influenced by microalloying and contribute to the increases in hardness during 
secondary hardening. 
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STRENGTHENING MECHANISMS INFLUENCED BY SILICON IN HIGH 
TEMPERATURE TEMPERED MARTENSITE AND BAINITE  
 
This chapter presents the results of an investigation into the strengthening mechanisms 
influenced by Si content during tempering between 500 and 650 °C in martensite and bainite 
evaluated by hardness testing, x-ray diffraction, scanning electron microscopy, and transmission 
electron microscopy. Microstructural features such as dislocation density, subgrain size, 
cementite size, and MX precipitation were evaluated in a LoSiLoV and HiSiLoV heat treated to 
form bainite or martensite and tempered at 500 or 650 °C for 1 h. Measurements of subgrain 
size, cementite size, and dislocation density were combined in a hardness model to predict the 
contributions of Si to increases in hardness after tempering. 
5.1 Introduction 
The addition of Si to ferritic steels results in significant solid solution strengthening 
ranging from 18 to 36 HV / wt pct Si [5.1]. Numerous studies on the strengthening effects of Si 
during high temperature tempering indicate that Si influences other strengthening mechanisms in 
addition to solid solution strengthening. Grange et al. evaluated Si contents between 0.09 – 0.85 
wt pct in a 0.19C-0.53 Mn steel that was heat treated to form martensite and tempered between 
482 and 704 °C. It was noted that the increase in hardness from 0.8 wt pct Si decreased from 
40 HV at 482 °C to approximately 30 HV at 704 °C. A general observation was made that 
cementite was finer in the high Si alloys, but no detailed analysis for the change in the hardening 
effect of Si with tempering temperature was attempted [5.2]. Bhat et al. investigated the 
influence of adding up to 3 wt pct Si to a medium carbon secondary hardening steel heat treated 
to form martensite and tempered between 500 and 600 °C. The addition of 3 wt pct Si increased 
the hardness by 236 HV after tempering at 500 °C and only 73 HV after tempering at 600 °C 
compared to the alloy with no Si. Bhat et al. discussed the possibility that the addition of Si 
slows the rate of cementite coarsening leading to a higher hardness from finer cementite 
particles. Bhat et al. also hypothesized that the increased Si content leads to a greater lattice 
mismatch between ferrite and alloy carbides which results in a greater magnitude of precipitation 
strengthening. However, quantitative evaluations of cementite and alloy carbides in order to 
quantify the influences of Si at various tempering temperatures were not performed [5.3]. 
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Garrison investigated the effects of adding 1.85 wt pct Si to a medium chromium secondary 
hardening steel that was heat treated to form martensite and tempered between 500 and 600 °C. 
The increased addition of 1.85 wt pct Si increased the hardness by 282 HV at 500 °C and 222 
HV at 600 °C compared to the alloy with no Si. Garrison hypothesized that the increase in Si 
content decreases the size of alloy carbides that formed during tempering [5.4]. Miyamoto et al. 
studied the influence of Si content on an Fe-0.6C alloy heat treated to form martensite and 
tempered between 450 °C and 650 °C. An increase of 2 wt pct Si increased the hardness by 
137 HV after tempering at 450 °C and 91 HV after tempering at 650 °C. The study specifically 
focused on the influence of Si on cementite coarsening and showed quantitative results of 
cementite refinement from increased Si content. However, no strength models were employed to 
quantify the contributions of cementite refinement to the measured increases in hardness from Si 
content [5.5]. Kim et al. quantitatively evaluated strengthening mechanisms in a medium carbon 
steel with Si contents ranging from 1.43 – 2.3 wt pct after heat treating to form martensite and 
tempering at 450 °C. Increases in Si content resulted in higher dislocation densities after 
tempering at 450 °C for 1 h. No higher temperature tempering treatments were discussed [5.6].  
There are multiple reports in the literature that suggest Si results in greater increases in 
hardness after tempering at the lower temperature end of the high temperature tempering regime. 
Furthermore, strengthening mechanisms including cementite refinement, changes in alloy 
carbide precipitation, and increased dislocation density have been reported to be affected by Si 
content. In order to investigate the strengthening mechanisms influenced by Si during high 
temperature tempering, high and low Si alloys were heat treated to form bainite and martensite. 
Quantitative evaluation of the microstructures was performed after tempering in the 500 – 
650 °C range in order to determine the influence of Si content during high temperature 
tempering.  
5.2 Materials and Methods 
Unless otherwise noted, simulations and characterization techniques were performed as 
described in Chapter 4. The following section describes key parameters of characterization 
techniques not yet described or performed differently than previously described. 
 64 
5.2.1 Alloy Compositions and Heat Treatments 
Samples of LoSiLoV and HiSiLoV heat treated to form martensite and bainite and 
tempered at 500, 550, 600, and 650 °C for 1 h as described in Chapter 3 were used for the 
investigation. Within this chapter, LoSiLoV (0.73 wt pct Si) is referred to as “Low Si” and 
HiSiLoV (1.57 wt pct Si) is referred to as “High Si.” 
5.2.2 Hardness Testing 
Hardness data after tempering for low Si (LoSiLoV) and high Si (HiSiLoV) alloys with 
bainite and martensite microstructures presented in Chapter 3 are used as a basis to analyze the 
influence of Si content on the hardness after tempering. 
5.3 Results 
The following sections describe the results of hardness testing and quantitative 
microstructural characterization. 
5.3.1 Hardness after Tempering 
The influence of Si content on the hardness after tempering is shown in Figure 5.1. 
Figure 5.1(a) shows hardness as a function of tempering temperature for the low and high Si 
alloys with a martensite starting microstructure. In general, the hardness decreases monotonically 
with increasing tempering temperature. There is a smaller decrease in hardness between the as-
quenched condition and the condition tempered at 500 °C in the high Si alloy compared to the 
low Si alloy. In contrast, at tempering temperature between 500 and 600 °C, there is a larger 
decrease in hardness in the high Si alloy compared to the low Si alloy. Figure 5.1(b) shows 
hardness as a function of tempering temperature for the low and high Si alloys with a bainite 
microstructure. Similar to the hardness results for martensite, the hardness generally decreases 
with increasing temperature with some notable exceptions. Firstly, the high Si bainite has a 
higher hardness than low Si bainite in the as-transformed condition, whereas there is a small 
difference in the hardness of the low and high Si martensite in the as-quenched condition. 
Secondly, there is a greater difference in hardness between high and low Si bainite at tempering 
temperatures between 500 and 600 °C compared to the martensite conditions. In general, the 
hardness of the martensite microstructures is higher than bainite microstructures except after 








In order to better visualize the increases in hardness due to increased Si content, the 
difference in hardness between the high and low Si alloys with bainite and martensite 
Figure 5.1  Hardness as a function of tempering temperature for low and high Si alloys with 
(a) a martensite microstructure and (b) a bainite microstructure. (c) Increase in hardness from 
increased Si content for martensite and bainite microstructures as a function of tempering 
temperature. The increase in hardness from increased Si content is calculated as the difference 
in hardness between the high and low Si alloy. Each symbol is the mean of 30 hardness 
measurements, and the bars are 95 pct confidence limits (CLs). 
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microstructures is plotted as a function of tempering temperature in Figure 5.1(c). The increase 
in hardness from increased Si content decreases with increasing tempering temperature for both 
bainite and martensite. In addition, there is a larger increase in hardness from Si in bainite 
compared to martensite for tempering temperatures of 500 – 600 °C. After tempering at 650 °C, 
the increase in hardness from increased Si is not significantly different between martensite and 
bainite.  
Si is well known to be a potent substitutional solid solution strengthener in ferrite. The 
magnitude of solid solution strengthening for a given solute should only depend on the 
concentration. If it is assumed that the solute Si content is not appreciably affected by tempering 
temperature or starting microstructure, e.g. martensite vs bainite, the degree of solid solution 
strengthening should be the same for all conditions of a given alloy. In this study, the hardness 
increase from increased Si content varies with tempering temperature as shown in Figure 5.1(c). 
Therefore, the increased Si content must affect other microstructural features that influence 
hardness. In order to evaluate strengthening mechanisms influenced by Si, quantitative 
microstructural analysis was performed on the low and high Si alloys tempered at 500 and 
650 °C with martensite and bainite microstructures. Dislocation density, subgrain size, cementite 
size, and MX precipitate volume fraction and size were evaluated. 
5.3.2 Dislocation Density 
The effect of Si content on dislocation density for bainite and martensite tempered at 
500 ºC is shown in Figure 5.2(a). The higher Si content condition has a higher dislocation 
density in both bainite and martensite tempered at 500 ºC. Furthermore, there is no significant 
difference between the dislocation density of bainite and martensite when tempered at 500 ºC. 
The higher dislocation density in bainite and martensite with higher Si contents after tempering 
at 500 ºC contributes to the larger increase in hardness from Si content at 500 ºC compared to 
650 ºC for both microstructures. Figure 5.2(b) shows that Si does not have a clear effect on the 
dislocation density of bainite or martensite after tempering at 650 °C, but the dislocation density 
of bainite is higher than martensite. The higher dislocation density of bainite compared to 
martensite after tempering at 650 °C contributes to the higher hardness of bainite compared to 
martensite after tempering at 650 °C. 
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          (a)             (b) 
5.3.3 Subgrain Size 
Figures 5.3(a) and (b) show the effects of Si content on the subgrain size in martensite 
and bainite tempered at 500 and 650 ºC, respectively. The subgrain size of high Si bainite is finer 
than that of low Si bainite after tempering at 500 °C, but the subgrain size of martensite is not 
significantly influenced by Si content. A similar trend is observed after tempering at 650 °C. 
However, there is a larger difference in subgrain size between low and high Si bainite after 
tempering at 500 °C compared to 650 °C. The large difference in subgrain size based on Si 
content in bainite likely contributes to the observation that Si results in a greater degree of 
strengthening in bainite compared to martensite when tempered at 500 ºC. In addition, there is a 
larger difference in subgrain size between high and low Si bainite after tempering at 
500 compared to 650 °C, which likely contributes to Si causing a greater degree of strengthening 
after tempering at 500 compared to 650 °C. Figure 5.4 shows subgrain and IQ maps from EBSD 
obtained from low and high Si bainite tempered at 500 and 650 ºC illustrating the subgrain size 
refinement from increased Si content. 
Figure 5.2  Dislocation density determined by XRD as a function of Si content for bainite and 
martensite tempered at (a) 500 ºC for 1 h and (b) 650 ºC for 1 h. Symbols are the mean of 3 
measurements, and bars are 95 pct CLs. 
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5.3.4 Cementite Size 
Cementite size was also evaluated as a function of Si content for bainite and martensite 
tempered at 500 and 650 ºC, which is shown in Figures 5.5(a) and (b), respectively. The increase 
in Si content results in a statistically significant decrease in cementite size in bainite, but not in 
martensite when tempered at 500 ºC. After tempering at 650 ºC, there is no significant effect of 
Si on cementite size for both bainite and martensite. The finer cementite size only in bainite 
tempered at 500 ºC likely contributes to Si having a greater influence on hardness in this 
condition. Figure 5.6(a) and (b) show SEM SE micrographs of cementite in high and low Si 
bainite after tempering at 500 ºC indicating the refinement in cementite size. The cementite 
particles in low Si bainite appear to be elongated as would be expected in lower bainite. The 







Figure 5.3  Subgrain size, defined by 1º misorientation, determined by EBSD as a function of 
Si content for martensite and bainite tempered at (c) 500 ºC for 1 h, and (d) 650 ºC for 1 h. The 










Figure 5.4  Superimposed EBSD subgrain and IQ maps for (a) Low Si bainite tempered at 
500 ºC for 1 h, (b) High Si bainite tempered at 500 ºC for 1 h, (c) Low Si bainite tempered 
650 ºC for 1 h, (d) High Si bainite tempered 650 ºC for 1 h.  
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Figure 5.5  Cementite size determined by SEM, reported as the diameter of a sphere with 
equivalent volume, as a function of Si content for martensite and bainite tempered at (a) 500 
ºC for 1 h, and (b) 650 ºC for 1 h. The symbols represent the mean of 6 measurements, and the 
bars are 95 pct CLs. 
Figure 5.6  SEM SE micrographs of cementite particles after tempering at 500 ºC for 1 h for 
(a) Low Si bainite and (b) High Si bainite. Samples etched for 4 s with 1% nital. 
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5.3.5 MX Volume Fraction Measurements 
The MX volume fraction was measured for low and high Si bainite and martensite 
tempered at 500 and 650 °C. No significant effect of Si content and microstructure is observed 
on the volume fraction and size of MX precipitates. A summary of microstructural data obtained 
is shown in Appendix D. 
5.4 Discussion 
The following sections discuss the observed influences of Si content on hardness, 
subgrain size, cementite size, and dislocation density. 
5.4.1 Hardness Predictions from a Microstructure Based Model 
The same microstructure based hardness model described in Chapter 4 was used to 
predict the increase in hardness experimentally observed from an increase in Si content. For 
strengthening mechanisms where Si content does not have a significant effect, e.g. MX 
precipitate volume fraction and size, the same value is used for both high and low Si conditions. 
The hardness model only accounts for strong obstacles to dislocation motion, and does not 
account for weak obstacles such as substitutional solid solution strengthening. It is assumed that 
substitutional solid solution strengthening, e.g. from Si content, is linearly added to the model. 
Therefore, any difference in measured increases in hardness not accounted for by the model are 
attributed to Si solid solution strengthening.  
The hardness model was used to predict the difference in hardness between low and high 
Si bainite and martensite tempered at 500 and 650 °C. A comparison of the results of the 
hardness model to the observed increases in hardness from Si are shown in Figure 5.7. The 
model for the effects of Si content on the hardness of bainite after tempering at 500 °C includes 
components based on differences in dislocation density, subgrain size, and cementite size. The 
model for the effects of Si content on the hardness of martensite after tempering at 500 °C only 
includes differences in dislocation density. The model for the hardness of bainite after tempering 
at 650 ºC only contains a component from subgrain size. Because Si content does not 
significantly affect any of the microstructural features characterized in martensite tempered at 
650 °C, the value of the model is zero.  
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The discrepancy between the model and measured increases in hardness, as evidenced by 
the confidence limits for the measurement and model not overlapping, is assumed to be from Si 
solid solution strengthening. An estimate of solid solution strengthening, made by subtraction of 
the strength model and observed increases in hardness from increased Si content is made for 
each of the four conditions shown in Figure 5.7. Figure 5.8 shows estimates of Si solid solution 
strengthening, expressed as an incremental strengthening coefficient with units of HV/ wt pct Si, 
for bainite and martensite tempered at 500 and 650 ºC. The estimates of incremental Si solid 
solution coefficients are calculated by dividing the increase in hardness attributed to solid 
solution strengthening in Figure 5.7 by the difference in bulk Si content between the low and 
high Si alloys. The incremental Si solid solution strengthening coefficient from literature is the 
average of nine commercial steels [5.1] as well as three binary Fe-Si alloys [5.7]. There is not a 
statistically significant difference between the various estimates of the Si solid solution 
strengthening coefficient. The magnitude of solid solution strengthening is not expected to vary 
depending on starting microstructure or tempering temperature. 
 
Figure 5.7  Predicted and experimentally observed increases in hardness from an increase in Si 
content in martensite and bainite tempered at 500 and 650 ºC for 1 h. Values are based on 
differences in hardness and microstructural features between low and high Si alloys. The error 
bars represent 95 pct CLs. 
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The predicted Si solid solution strengthening from literature is added to the model results 
shown in Figure 5.7 in order to fully account for the increases in hardness influenced by Si 
content. Figure 5.9 shows the results of the hardness model and the measured increase in 
hardness from increased Si content for bainite and martensite tempered at 500 and 650 °C. In 
general, solid solution strengthening is the dominant contributor to the increase in hardness 
observed from the increase in Si content. However, in the instance of bainite tempered at 500 °C, 
increases in dislocation density and refinement in subgrain size and cementite size lead to 
increases in hardness comparable to Si solid solution strengthening. Subgrain refinement is also 
observed with higher Si contents in bainite tempered at 650 °C which makes a small contribution 
to the predicted increase in hardness. 
Figure 5.8  Estimates of Si solid solution strengthening evaluated by comparing a strength 
model to measured increases in hardness from an increase in Si content. The literature estimate 
represents 9 commercial steels [5.1] and 3 binary Fe-Si alloys [5.7] The bars are 95 pct CLs. 
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5.4.2 Effect of Si Content on Subgrain Size 
Increases in Si content result in finer subgrain sizes in bainite after tempering at 500 °C, 
whereas no significant effect of Si on subgrain size is observed in martensite. Increased Si 
contents result in lower martensite start temperatures [5.8], and because the isothermal heat 
treatments were designed to form bainite just above the martensite start temperature, high Si 
bainite was formed at a lower temperature than low Si bainite. In addition, increased Si contents 
result in higher eutectoid temperatures [5.1] indicating a reduction in the stability of austenite. 
Therefore, with higher Si contents, there is a higher driving force for the decomposition of 
austenite at a given temperature due to a greater undercooling of austenite, which likely leads to 
a higher nuclei density and finer resulting subgrain size in bainite. Numerous other studies have 
shown finer microstructures in bainite resulting from lower transformation temperatures 
[5.9 – 5.12]. However, increases in Si content do not have a significant effect on the subgrain 
size of martensite. The martensite start temperature can be considered as the temperature that 
achieves the minimum undercooling of austenite needed to provide a sufficient driving force for 
the martensite transformation to proceed. Therefore, it can be considered that high and low Si 
Figure 5.9  Predicted and experimentally observed increases in hardness from an increase in Si 
content in martensite and bainite tempered at 500 and 650 ºC for 1 h. Values are based on 
differences in hardness and microstructural features between low and high Si alloys as well as 
Si solid solution strengthening predicted from literature data. The error bars represent 95 pct 
CLs. 
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martensite form with the minimum driving force necessary when they form at their respective 
martensite start temperatures. Kim et al. evaluated the subgrain size in three medium carbon 
martensitic steels with Si contents ranging from 1.43 – 2.30 wt pct tempered at 250, 350, and 
450 °C for 1 h, and showed that there was not a significant effect of Si on subgrain size after 
tempering between 250 – 450 °C [5.6] even though the martensite start temperatures likely 
decreased with increasing Si content. 
During tempering, the reduction in boundary energy, which is proportional to the 
reciprocal of subgrain boundary size, provides a driving force for coarsening of the subgrain 
structure. There is a larger driving force for coarsening in high Si bainite compared to low Si 
bainite due to the finer subgrain size. After tempering at 500 °C, a significant difference is 
observed between the subgrain sizes of low and high Si bainite. The larger amount of thermal 
energy available and correspondingly more rapid coarsening kinetics during tempering at 650 °C 
likely accounts for the smaller difference in subgrain size observed between high and low Si 
bainite.  
5.4.3 Effects of Si Content on Cementite Size 
Increases in Si content lead to a greater degree of cementite refinement in bainite 
compared to martensite after tempering at 500 °C. Furthermore, there is a greater degree of 
cementite refinement observed in bainite tempered at 500 °C compared to bainite tempered at 
650 °C. Miyamoto et al. extensively studied the influences of Si and Mn on the growth and 
coarsening of cementite by evaluating Fe-0.6C, Fe-0.6C-1Mn, Fe-0.6C-2Mn, and Fe-0.6C-2Si 
alloys heat treated to form martensite and tempered at 450 and 650 °C. Pertinent cementite size 
data from Miyamoto et al. are summarized in Table 5.1. The data in Table 5.1 show that an 
increased Si content results in a greater reduction in cementite coarsening at 450 °C, but an 
increased Mn results in a greater reduction in cementite coarsening at 650 °C. 
 











 450 °C for 1 h 42 ± 7.8 13 ± 0.8 - 22 ± 1.5 
650 °C for 1 h 532 ± 26 245 ± 5 133 ± 6 120 ± 6 
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 In order to apply the results from Miyamoto et al. to the alloys and tempering 
temperatures evaluated in this study, some data interpolation is necessary. Interpolation of the 
data from Miyamoto et al. was performed in order to avoid extrapolation of the current results in 
order to compare the two data sets. Linear interpolation between the cementite size data for the 
Fe-0.6C and Fe-0.6C-2Si alloys from the Miyamoto et al. study was performed to estimate 
cementite sizes of alloys with Si contents of 0.73 and 1.57 wt pct, which correspond to the low 
and high Si alloys investigated in this study. Similarly, the cementite size expected from the 
average Mn content of the alloys in the present study, 1.39 wt pct, was linearly interpolated from 
the cementite sizes reported for the Fe-0.6C, Fe-0.6C-1Mn, and Fe-0.6C-2Mn alloys from 
Miyamoto et al. In order to estimate the cementite coarsening behavior during tempering at 
500 °C based on data from tempering at 450 and 650 °C, a thermally activated growth model 
shown in Equation 5.1 was used, 𝑟 = 𝑘𝑜𝑒𝑥𝑝 (− 𝑄𝑅𝑇) 𝑡𝑛 (5.1) ln 𝑟 =  ln 𝑘𝑜 + 𝑛 ln 𝑡 − (𝑄𝑅) 1𝑇 (5.1a) 
where 𝑟 is the average cementite radius; 𝑘𝑜 is a preexponential term; 𝑄 is the empirical 
activation energy; 𝑅 is the universal gas constant; 𝑇 is the temperature in kelvin; 𝑡 is time; and 𝑛 
is the time exponent [5.5]. Equation 5.1a is obtained by taking the natural logarithm of Equation 
5.1. The linearly interpolated cementite size from the Miyamoto et al. data for the 0.73 and 1.57 
wt pct Si alloys and a 1.39 wt pct Mn alloy at 450 and 650 °C were used along with 
Equation 5.1a to estimate cementite size for the same alloys after tempering at 500 °C. A similar 
linear interpolation was performed in order to estimate cementite sizes for 0.73 and 1.57 wt pct 
Si alloys and a 1.39 wt pct Mn alloy at 650 °C based on data from Miyamoto et al. in which case 
Equations 5.1 and 5.1a were not needed. Herein after, all cementite size values linearly 
interpolated from the Miyamoto et al. data are referred to as interpolated literature data.  
The influence of Si and Mn content on cementite size was analyzed by applying a model 
that accounts for the diffusion of substitutional alloying elements on cementite coarsening 
kinetics proposed by Björklund et al. and used by Miyamoto et al. in form,  𝑟3 = 8𝛾𝑉𝑚𝜃𝐷𝑀𝛼27𝑅𝑇(1 − 𝐾)2𝐹𝑀𝛼 𝑡 (5.2) 
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where 𝑟 is the average cementite radius; 𝛾 is the energy of the ferrite – cementite interface; 𝑉𝑚𝜃 is 
the molar volume of cementite; 𝐷𝑀𝛼  is the diffusion coefficient of the rate controlling 
substitutional alloying element M in ferrite; 𝑅 is the gas constant; 𝑇 is the temperature in kelvin; 𝑡 is time; 𝐹𝑀𝛼 is the substitutional site fraction of the rate controlling alloying element M in ferrite 
which is equal to the mole fraction of M divided by the mole fraction of all substitutional 
elements including Fe at equilibrium; and 𝐾 is a partitioning coefficient which is equal to (𝐹𝑀𝜃𝐹𝐹𝑒𝛼 )/(𝐹𝑀𝛼𝐹𝐹𝑒𝜃 ), where 𝐹𝑀𝜃  is the substitutional site fraction of M in cementite; 𝐹𝐹𝑒𝛼  is the 
substitutional site fraction of Fe in ferrite; and 𝐹𝐹𝑒𝜃  is the substitutional site fraction of Fe in 
cementite. For the calculations, the value of 𝛾 is taken to be 0.7 J/m2 [5.13]. 𝑉𝑚𝜃 is 2.3 x 10-5 
m3/mol [5.13]. The diffusion coefficients are calculated using the expression 𝐷𝑀𝛼  =𝐷𝑜𝑀 exp (− 𝑄𝑀𝛼RT), and the values for Mn are 𝐷𝑜𝑀𝑛 = 7.56 x 10-5 m2/s and 𝑄𝑀𝑛𝛼  = 224.5 kJ/mol 
[5.1]; and the values for Si are 𝐷𝑜𝑆𝑖 = 7.35 x 10-5 m2/s and 𝑄𝑆𝑖𝛼  = 220 kJ/mol [5.14]. 
ThermoCalc© was used to determine the value of 𝐾 to be 0 for both Si contents, and 𝐹𝑆𝑖𝛼  was 
determined to be 1.56 x 10-2 for the 0.73 wt pct Si alloy and 3.42 x 10-2 for the 1.57 wt pct Si 
alloy, which are the same for 500 and 650 °C. The values of 𝐾 and 𝐹𝑀𝑛𝛼  for the 1.39 wt pct Mn 
condition were determined to be 53.7 and 3.56 x 10-3, respectively, at 500 °C, and 15.6 and 
7.48 x 10-3, respectively, at 650 °C. Experimental results, Si and Mn diffusion controlled 
coarsening model predictions, and interpolated literature data for cementite size after tempering 
at 500 °C are summarized in Table 5.2.  
The Si diffusion controlled cementite coarsening model accounts for the negligible 
solubility of Si in cementite, and the tendency for Si to partition out of cementite and diffuse 
away from the moving cementite – ferrite interface. Table 5.2 shows that the Si diffusion 
controlled coarsening model predicts a 12 nm decrease in cementite size, and interpolated 
literature data indicates a 9 nm decrease in cementite diameter from the increase in Si content 
after tempering at 500 °C for 1 h. A decrease in cementite diameter of 12 nm is experimentally 
observed in martensite, although the difference is too small to be considered statistically 
significant. A larger decrease in cementite diameter of 20 nm is measured for bainite based on an 
increase in Si content after tempering at 500 °C. The decrease in cementite size observed in 
martensite can be accounted for by the influence of Si content on cementite coarsening kinetics. 
However, because the decrease in cementite size observed in bainite is greater than is expected 
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from differences in coarsening rates, there must be some additional influence of Si on cementite 
refinement in the bainite microstructure. 
The Mn diffusion controlled cementite coarsening model accounts for the high solubility 
of Mn in cementite and the equilibrium partitioning of Mn from ferrite into cementite. Table 5.2 
shows the results of the Mn diffusion controlled cementite coarsening model as well as 
interpolated literature data related to Mn. In general, the Mn diffusion controlled coarsening 
model predicts smaller cementite sizes than measured in the present study. The model also 
predicts smaller sizes compared to the interpolated literature data related to Mn. Miyamoto et al. 
noted that less partitioning of Mn compared to Si was experimentally measured during tempering 
at 450 °C, so it would be expected that a model based on Mn diffusion controlled cementite 
coarsening would not accurately predict experimental results [5.5].  
 
The results of the Si diffusion controlled coarsening model and interpolated literature 
data after tempering at 650 °C for 1 h are shown in Table 5.3. Generally, the cementite sizes 
predicted from the Si diffusion controlled coarsening model are much greater than measured in 
the present study. Furthermore, the interpolated literature data related to Si content are also much 
larger than observed in the present study. Therefore, it appears that Si diffusion controlled 
coarsening cannot account for the cementite sizes observed after tempering at 650 °C in the 
present study. Table 5.3 also shows the results of the Mn diffusion controlled coarsening model 
as well as interpolated literature data related to Mn content. In general, the Mn diffusion 
controlled coarsening model predicts cementite sizes closer to the values measured in this study 
compared to the Si diffusion controlled model. Furthermore, the interpolated literature data 
related to Mn content are much closer to the cementite sizes experimentally measured compared 
Table 5.2  Experimental Measurements, Coarsening Model Results and Interpolated Literature 


































Data for Mn 
(nm) 
 0.71 57 ± 7 70 ± 7 52 53 ± 7 5 42 ± 4 
1.57 45 ± 7 50 ± 7 40 44 ± 4 5 42 ± 4 
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to the interpolated literature data related to Si content. In general, the cementite sizes observed 
after tempering at 650 °C in the present study appear to be better explained from the influence of 
Mn on the coarsening rate of cementite rather than Si.  
 
Tables 5.2 and 5.3 show that the Mn diffusion controlled cementite coarsening model 
predicts smaller cementite sizes than the Si diffusion controlled model after tempering at 500 and 
650 °C. The diffusion controlled model considers equilibrium partitioning of either Si out of 
cementite or Mn into cementite. The reason the model predicts slower coarsening kinetics for 
Mn is that significantly more Mn atoms must diffuse compared to Si atoms in order to reach 
equilibrium partitioning. According to ThermoCalc® results for the low Si condition, 
approximately 0.979 wt pct Mn (0.975 at pct Mn) must diffuse from ferrite into cementite at 
500 °C, and 0.583 wt pct Mn (0.580 at pct Mn) must diffuse out of ferrite into cementite at 
650 °C to achieve equilibrium partitioning. However, only approximately 0.039 wt pct Si 
(0.076 at pct Si) must diffuse out of cementite into ferrite to achieve equilibrium partitioning at 
500 and 650 °C. Overall, the diffusion controlled cementite coarsening model predicts that Mn 
has a greater capacity to hinder cementite coarsening compared to Si.  
The Si diffusion controlled cementite coarsening model tends to better predict 
experimental results at lower tempering temperatures because considerable Si partitioning occurs 
at lower tempering temperatures. Miyamoto et al. observed significant Si partitioning out of 
cementite after tempering at 450 °C for 20 min, and Caballero observed Si partition out of 
cementite after tempering as low as 400 °C for 1 h [5.5, 5.15, 5.16]. It has been shown that 
formation of cementite without Si partitioning is energetically unfavorable [5.5, 5.17], so there is 
a significant driving force for Si to partition out of cementite. Furthermore, the partitioning of Si 
Table 5.3  Experimental Observations, Coarsening Model Results and Interpolated Literature 


































Data for Mn 
(nm) 
 0.71 107 ± 7 114 ± 7 315 426 ± 17 56 116 ± 6 
1.57 97 ± 7 104 ± 7 242 305 ± 9 56 116 ± 6 
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is likely aided by the fact that Si atoms must only diffuse out of cementite particles with 
associated diffusion distances on the order to 10s of nm. On the other hand, the partitioning of 
Mn generally occurs to a much lesser extent compared to Si partitioning at lower tempering 
temperatures [5.5, 5.15, 5.16]. Cementite is predicted to be able to form with no partitioning of 
Mn [5.5], so there is not as great of a driving force for Mn to partition compared to Si. 
Additionally, Mn atoms must diffuse on the order to 100s of nm in order to partition from the 
surrounding ferrite into cementite. Miyamoto et al. measured appreciable partitioning of Mn into 
cementite after tempering at 650 °C for 1 h, but much less than the equilibrium value, which 
likely explains why the Mn diffusion controlled coarsening model predicts smaller sizes than 
experimentally measured even at 650 °C. Miyamoto et al. found that the degree of Mn 
partitioning approaches equilibrium values after tempering for approximately 20 h at 650 °C 
[5.5]. In summary, the coarsening of cementite is controlled primarily by Si diffusion rather than 
Mn because Si partitioning occurs at 500 °C, whereas there is far less partitioning of Mn. At 
650 °C, Mn diffusion primarily controls cementite coarsening because Mn has a greater capacity 
to slow cementite coarsening and appreciable Mn partitioning occurs during tempering at 650 °C 
[5.5]. 
Table 5.2 shows that a decrease in the rate of cementite coarsening from an increase in Si 
content can account for an approximate 12 nm decrease in cementite diameter after tempering at 
500 °C, which can account for the differences in cementite size observed in martensite. 
However, the cementite diameter in high Si bainite is approximately 20 nm smaller than low Si 
bainite, so differences in the coarsening rate cannot fully account for the cementite refinement 
observed after tempering at 500 °C. As previously mentioned, high Si bainite is formed by 
quenching to 305 °C and holding for 2 h whereas the low Si bainite is formed at 330 °C for 1 h. 
The additional cementite refinement observed in high Si bainite is likely a result of the lower 
temperature at which the transformation occurs. The lower transformation temperature in high Si 
bainite results in a higher driving force for cementite precipitation and resulting higher number 
density of nuclei. The lower transformation temperature also reduces the rate of cementite 
growth and coarsening during the transformation. Other studies have shown that as the bainite 
transformation temperature is decreased, the cementite dispersion is refined resulting in greater 
degrees of strengthening [5.11, 5.18, 5.19]. In summary, the increase in Si content results in a 
larger refinement in cementite size in bainite due to an increase in nuclei density and slower 
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growth rate during the lower temperature bainite transformation in addition to a decrease in 
coarsening rate during tempering at 500 °C. 
5.4.4 Effects of Si Content on Dislocation Density 
Increases in Si content result in higher dislocation densities after tempering at 500 °C, but 
there is not a significant difference after tempering at 650 °C. Increased Si contents have been 
reported elsewhere to result in increases in dislocation density in medium carbon martensitic 
steels tempered at 450 °C [5.6]. It is possible that Si solid solution strengthening is responsible 
for the delay of recovery observed after tempering at 500 ºC. It would be interpreted that the 
hydrostatic stress field exerted by Si atoms in ferrite can interact with edge dislocations, thus 
affecting glide and climb. To investigate the potential for Si to delay recovery during tempering, 
a recovery model based on solute drag proposed by Nes was evaluated. The model is based on 
solute atoms acting as pinning points on dislocations, and the rate of glide and/or climb is limited 
by the rate at which the solute atoms can move by diffusion, i.e. solute drag. Equation 5.3 
describes the change in dislocation density with time as: 𝜌 =  (1 − 𝑘𝑇√𝜌𝑜𝐴 ln (1 + 𝑡𝜏))2 𝜌𝑜 (5.3) 𝜏 =  [𝜌𝑜𝐴𝐵𝑘𝑇 𝑒𝑥𝑝 (√𝜌𝑜𝐴𝑘𝑇 )]−1, 𝐴 = 𝑙𝑠𝑖𝐺𝑏3, and 𝐵 = 𝐶𝑏𝜈 exp (− 𝑄𝑆𝑖𝛼𝑅𝑇)  
where 𝜌 is the instantaneous dislocation density; 𝑘 is Boltzmann’s constant; 𝑇 is the temperature 
in Kelvin; 𝑡 is time; 𝜌𝑜 is the starting dislocation density; 𝑙𝑠𝑖 is the distance between Si atoms; 𝐺 
is the shear modulus; 𝑏 is the Burgers vector; 𝐶 is a constant that must be fit to experimental 
data; 𝜈 is the vibrational frequency; and 𝑄𝑆𝑖𝛼  is the activation energy for Si diffusion in ferrite 
[5.20]. The values used for the calculations are 81.6 GPa for the shear modulus, 𝐺; 0.248 nm for 𝑏; and 1012 1/s for 𝜈. The value for 𝐶 was fit to be 9 x 1014 in order for the dislocation densities 
predicted by the model to be in the range observed experimentally after tempering at 500 °C. The 
spacing between Si atoms is calculated as 𝑙𝑠𝑖 =  (𝑉𝑎/𝑥𝑠𝑖)13 where 𝑉𝑎 is the atomic volume of an 
Fe atom in ferrite, and 𝑥𝑠𝑖 is the atom fraction of Si in ferrite. The values for 𝑙𝑠𝑖 are 9.4 x 10-10 m 
and 7.3 x 10-10 m for 0.73 and 1.57 wt pct Si alloys, respectively.  
In the as quenched condition, both low and high Si martensite have dislocation densities 
of approximately 4.2 x 1015 m-2. In the as transformed condition, low Si bainite has a dislocation 
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density of 2.1 x 1015 m-2 and high Si bainite has a dislocation density of 2.6 x 1015 m-2. Lower 
transformation temperatures have been shown to result in higher dislocation densities in bainite 
[5.19], so the lower transformation temperature of high Si bainite may account for the higher 
dislocation density. The dislocation densities in the as-quenched or as-transformed conditions 
were considered as the initial dislocation densities for the recovery model.  
Figure 5.10(a) shows the results of the recovery model used to simulate the change in 
dislocation density of low and high Si bainite and martensite over the course of a 1 h temper at 
500 °C. Within the 1 h (3600 s) time at 500 °C, the dislocation density of high Si bainite and 
high Si martensite converge towards each other, and the dislocation density of low Si martensite 
and low Si bainite converge towards each other. Despite the differences in starting dislocation 
densities of the low and high Si alloys with bainite and martensite microstructures, the model 
predicts that high Si bainite and martensite will have similar, yet higher dislocation densities 
compared to the lower Si conditions.  In other words, during a 1 h temper at 500 °C, this model 
predicts that the drag exerted by Si atoms on moving dislocations dominates the rate of recovery, 
and increases in Si content are expected to result in higher dislocation densities for both 
martensite and bainite. 
Figure 5.10(b) shows the results of the recovery model used to simulate tempering at 
650 °C for 1 h. The model predicts that Si content affects the recovery rate at times less than 
60 s. However, within approximately 140 s, the dislocation density of all of the conditions drops 
below 1012 m-2 which is below the value for fully annealed iron [5.21]. Considering that 
dislocation densities observed after tempering at 650 °C for 1 h are on the order of 
2 – 3 x 1014 m-2, it is likely that some other mechanism such as subgrain coarsening or the early 
stages of recrystallization control the annealing response. It is also possible that microalloy 
precipitates control the annealing response at 650 °C, which is expected to be similar between 
the low and high Si conditions. The recovery model used to simulate the changes in dislocation 
density assumes that Si atoms act as pinning points on dislocations regardless of temperature. 
However, with increasing temperature, the increased thermal energy aids in dislocations 
overcoming the interaction with solute atoms and results in a smaller influence of solute atoms to 
the rate of glide and climb. Thus, a smaller influence of Si content on dislocation density would 
be expected at higher temperatures, which is the trend experimentally measured.  
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          (a)             (b) 
5.5 Conclusions 
The strengthening mechanisms influenced by Si content on bainite and martensite 
tempered at 500 and 650 °C for 1 h were investigated. Increases in Si content increase the 
hardness of bainite and martensite more at 500 °C than at 650 °C. Furthermore, increased Si 
content increases the hardness of bainite more than martensite after tempering at 500 °C. The 
following conclusions can be made in regard to the strengthening mechanisms imparted by Si 
during high temperature tempering:  
• The primary contributor to the increase in hardness imparted by an increase in Si content 
is increased solid solution strengthening. There is no significant difference in the 
magnitude of Si solid solution strengthening between bainite and martensite or as a 
function of tempering temperature.  
• Increases in Si content reduce the martensite start temperature and allow for high Si 
bainite to transform at a lower temperature. The lower transformation temperature in high 
Si bainite results in finer subgrain sizes compared to low Si bainite. Due to more rapid 
subgrain coarsening kinetics, a smaller difference in subgrain size is measured between 
low and high Si bainite tempered at 650 °C compared to 500 °C. No significant effect of 
Figure 5.10  Simulations of dislocation density as a function of time for low Si bainite, low 
Si martensite, high Si bainite, and high Si martensite during tempering at (a) 500 °C for 1 h 
and (b) 650 °C for 1 h.  
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Si content on subgrain size is observed in martensite. 
• Increases in Si content lead to cementite refinement in bainite tempered at 500 °C, but 
there is not a significant effect in martensite. No significant effect of Si on cementite size 
is observed after tempering at 650 °C for martensite or bainite. A Si diffusion-controlled 
cementite coarsening model predicts a difference in cementite size that is too small to be 
experimentally measured with statistical significance and does not account for the degree 
of cementite refinement with increased Si content in the bainite microstructure after 
tempering at 500 °C. The greater degree of cementite refinement in high Si bainite is 
likely a result of the lower transformation temperature compared to low Si bainite. The 
diffusion of Mn likely controls cementite coarsening during tempering at 650 °C, and 
because there is a negligible difference in Mn content between the low and high Si alloys, 
there is no significant difference in cementite size after tempering at 650 °C. 
• Higher Si contents result in higher dislocation densities in both bainite and martensite 
after tempering at 500 °C, but there is not a significant effect of Si after tempering at 650 
°C. The evolution of dislocation density during tempering was simulated using a recovery 
model that incorporates effects of solute atoms. The model predicts that increases in Si 
content slow recovery resulting in higher dislocation densities at 500 °C. The model also 
predicts that recovery is very rapid at 650 °C such that the dislocation density would be 
below the value of fully annealed Fe within 1 h; therefore, it is concluded that other 
mechanisms control the annealing response at 650 °C resulting in no significant effect of 
Si on dislocation density. 
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CHAPTER 6 
INFLUENCES OF VANADIUM AND SILICON CONTENT ON MAXIMUM CASE 
HARDNESS AND RESIDUAL STRESS OF NITRIDED                                                
MEDIUM CARBON BAR STEELS  
 
The experimental alloys developed for this project were nitrided and quantitatively 
characterized with Vickers microhardness testing, scanning electron microscopy, electron 
backscatter diffraction, x-ray diffraction, conventional transmission electron microscopy, and 
scanning transmission electron microscopy. Measurements of subgrain size, cementite size, 
dislocation density, and volume fractions of nitride precipitates were combined in a hardness 
model to predict the contributions of V and Si to maximum case hardness after nitriding. 
Measured volume fractions of MX and Si and Mn containing nitrides are also correlated to 
compressive residual stress.  
6.1 Introduction 
Surface hardening processes such as nitriding are commonly used to improve the 
performance of fatigue limited machine components such as transmission gears [6.1]. Nitriding 
involves the diffusion of nascent nitrogen into the surface of a steel component typically at 
temperatures where ferrite is stable. The source of nitrogen can be nitrogen containing plasma, 
molten salt, or heated gas. Nitriding is typically performed at relatively low temperatures and 
does not involve austenite decomposition during cooling, so there are less thermal and 
transformation strain contributions to distortion compared to carburizing or induction hardening 
[6.2, 6.3]. The diffusion of nitrogen into the surface of a steel results in solid solution 
strengthening as well as precipitation strengthening if nitride forming elements are present. 
During nitriding, binary Fe-M alloys (where M= Cr, V, Ti, Al, Mo, Mn, and Si) form nitrides 
[6.4 – 6.7]. The formation of MX phase (where M= Cr, Al, Mo, Ti, and V and X = N, C) with 
the B1 rock-salt crystal structure containing multiple nitride forming elements has been reported 
in Fe-Cr-Al [6.4, 6.8 – 6.10], Fe-Cr-Ti [6.10, 6.11], Fe-Cr-V [6.10], and Fe-Cr-Mo-V alloys 
[6.12].  
Alloying with V is of interest because the presence of V results in finer MX precipitates 
after nitriding [6.4, 6.6, 6.10]. Figure 6.1(a) shows a compilation of literature data that 
summarizes the influences of V content on increases in maximum case hardness after nitriding. 
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Urao et al. studied the influence of adding 2.91 wt pct V to a Fe-0.14C-0.2Mo alloy on the 
maximum case hardness after nitriding at 550 °C for 4 h. The increase in maximum case 
hardness with higher V content was hypothesized to be from an increased amount of nitride 
precipitates, although no microscopy was performed to confirm [6.13]. Miyamoto et al. reported 
on the maximum case hardness of a binary Fe-1V alloy plasma nitrided at 570 °C for 20 h. The 
increase in maximum case hardness compared to nitrided pure Fe was associated with the 
observation of fine VN precipitates [6.5]. Miyamoto et al. also reported an increase in maximum 
case hardness from adding 0.5 wt pct V to a Fe-1Cr alloy plasma nitrided at 550 °C for 32 h. The 
increase was attributed to the precipitation of finer Cr and V containing MX precipitates 
compared to the coarser CrN precipitates that formed in the Fe-1Cr alloy after nitriding. [6.10]. 
Schwarz et al. gas nitrided a ternary Fe-1Si-0.27V alloy at 580 °C for 24 h and observed the 
precipitation of VN, which was correlated to an increase in maximum case hardness compared to 
nitrided pure Fe [6.14]. Klemm-Toole et al. evaluated the addition of 0.08 wt pct V to AISI 1045 
and the addition of 0.16 wt pct V to 4140 on maximum case hardness after gas nitriding at 
525 °C for 18 h. Higher maximum case hardness values in the higher V alloys were hypothesized 
to be a result of a greater amount of V containing nitride precipitates, although no 
characterization of V containing nitrides was performed [6.15]. Despite the large number of 
studies related to the effects of V content on the microstructure and maximum case hardness 
after nitriding, quantitative evaluations of volume fraction and size of nitrides in V alloys have 
not yet been reported to help explain the magnitude of precipitation strengthening imparted. 
The effects of Si in Fe alloys after nitriding have also received considerable attention. 
The formation of amorphous cuboidal precipitates containing Si and N in the stoichiometry of 
Si3N4 have been reported for nitrided binary Fe-Si alloys [6.14, 6.16, 6.17] and a ternary Fe-Si-V 
alloy [6.14]. It has been proposed that the energy of an amorphous - crystalline interface can be 
lower than a crystalline - crystalline interface [6.18]. Accordingly, in the early stages of 
precipitation, it may be energetically favorable to form amorphous Si3N4 than crystalline Si3N4 
due to lower interfacial energy; thus, the amorphous phase forms during nitriding despite the 
crystalline phase having lower chemical free energy [6.16]. The cuboidal shape with faces 
perpendicular to 〈100〉 directions in ferrite are hypothesized to be a result of elastic anisotropy in 
ferrite. The elastic stiffness is lower in 〈100〉 directions compared to other directions in ferrite, 
so a cuboidal shape aligned with 〈100〉 directions in ferrite minimizes strain energy [6.17]. 
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However, hardness increases have not yet been clearly correlated to the presence of amorphous 
cuboidal Si nitrides. Figure 6.1(b) shows a compilation of data from literature where increases in 
maximum case hardness are reported as a function of Si content. Riofano et al. studied the 
influences of Si contents between 0.62 – 1.98 wt pct Si added to AISI 4340 on the maximum 
case hardness after ion nitriding at 550 °C for 5 h. The compound layer contained crystalline 
Si3N4, and the increases in maximum case hardness were hypothesized to be from greater 
volume fractions of Si, Mo and Cr containing nitrides although no detailed microscopy was 
performed [6.19]. Takase et al. molten salt nitrided binary Fe-Si alloys containing 1.8 – 3.2 wt 
pct Si at 570 °C for 3 h. The compound layer contained Si3N4, and the diffusion zone was 
reported to also contain crystalline Si3N4 when annealing at 700 °C was performed after 
nitriding. The increase in maximum case hardness with higher Si contents was attributed to an 
increased amount of Si3N4; however, no characterization of Si nitrides in the diffusion zone after 
nitriding (without additional higher temperature annealing) was reported [6.20]. Tomio et al. 
evaluated the effects of adding 1 wt pct Si to Fe-0.6C on the maximum case hardness after 
plasma nitriding at 550 °C for 18 h. A low number density of amorphous Si3N4 precipitates 
primarily at boundaries was reported, but no quantitative evaluation of the size and volume 
fraction was performed to evaluate precipitation strengthening [6.7]. Also shown in Figure 6.1(b) 
is the expected strengthening from Si solid solution strengthening. All of the data in Figure 
6.1(b) exhibits larger increases in hardness than would be expected from solid solution 
strengthening, so the presence of Si containing nitride precipitates likely results in additional 
precipitation strengthening.  
A better understanding of how alloying elements influence the properties after nitriding 
will enable the development of more advanced nitriding steels. From an industrial perspective, 
steels that can be nitrided without first heat treating to form tempered martensite can result in 
significant time and cost savings. In order to address these research needs, a series of medium 
carbon steels containing V and Si were manufactured and heat treated to form tempered 
martensite as would be typically performed in industrial practice. The steels were also heat 
treated to form bainite which would be expected in the as-forged condition for common medium 
carbon steels used in nitriding applications. Quantitative evaluation of the microstructure was 
performed to investigate V and Si effects on microstructure, maximum case hardness and 




          (a)             (b) 
6.2 Materials and Methods 
Unless otherwise noted, characterization techniques and simulations were performed as 
described in Chapter 4. The following section describes key parameters of simulations and 
characterization techniques not yet described or performed differently than previously described. 
6.2.1 Alloy Compositions and Heat Treatments 
Samples were machined from forged bars of the five experimental alloys listed in 
Chapter 3 and were heat treated to form tempered martensite or tempered bainite at a commercial 
heat treating company, Metallurgical Solutions, Inc. Austenitizing was performed at 1050 °C for 
30 min in molten salt. In order to form martensite, samples were oil quenched following 
austenitizing. To form bainite, samples of LoSiLoV-Cr, LoSiLoV, and LoSiHiV were quenched 
into molten salt at 330 °C and held for 1 h following austenitizing. The alloys HiSiLoV and 
HiSiHiV were quenched into molten salt at 305 °C and held for 2 h to form bainite after 
austenitizing. All conditions were tempered at 500 °C for 1 h in order to keep the majority of V 
Figure 6.1  The change in maximum case hardness after nitriding as a function of (a) V and 
(b) Si content. The change in maximum case hardness is referenced to the condition with the 
lowest alloy content for each data set. The dashed line from De Cooman et al. in (b) indicates 
the slope of expected Si solid solution strengthening. Data taken from Urao et al. [6.13], 
Miyamoto et al. (2005) [6.5], Miyamoto et al. (2015) [6.10], Schwarz et al. [6.14], Klemm-
Toole et al. [6.15], Riofano et al. [6.19], Takase et al. [6.20], Tomio et al. [6.7], and De 
Cooman et al. [6.21].  
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in solution prior to nitriding as described in Chapter 3. At least 2.5 mm (0.10 in) was machined 
away to remove decarburization from heat treatment. All conditions were gas nitrided at 525 °C 
for 18 h in an ammonia and hydrogen gas environment at Caterpillar Inc. This chapter focuses on 
results from LoSiLoV, LoSiHiV, HiSiLoV, and HiSiHiV. Hardness measurements taken on 
LoSiLoV-Cr after nitriding are shown in Appendix A. 
6.2.2 ThermoCalc© Simulations 
ThermoCalc© version 2017a using the TCFE9 database was used to estimate the 
equilibrium volume fraction and composition of nitride precipitates, cementite, and ferrite after 
nitriding at 525 °C. Numerous studies have shown evidence that multiple strong nitride forming 
elements are contained in the same MX type precipitate formed during nitriding [6.10, 6.12]. 
Accordingly, simulations were performed using MX that contain both V and Mo, as well as 
Si3N4, Mn3N2, ferrite and cementite. ThermoCalc© provides phase amounts in terms of weight 
fraction. In order to convert weight fraction into volume fraction, the density of all of the phases 
must be used. The densities for BCC ferrite, cementite, and Si3N4 were taken as 7.87, 7.64, and 
3.17 g/ml, respectively. The density of MX was calculated using an average composition from 
ThermoCalc©, an estimated lattice parameter from selected area diffraction patterns (SADPs) in 
conventional transmission electron microcopy (CTEM) of 0.407 ± 0.003 nm, and the rock-salt 
crystal structure. The average density of MX was estimated to be approximately 6.70 g/ml. The 
density of Mn3N2 was calculated be 5.72 g/ml from the crystal structure used by Tomio et al. 
[6.7]. The conversion from weight fraction to volume fraction was performed in order to 
compare ThermoCalc© results to values measured experimentally. The bulk N content in the 
calculations was selected to be the highest level below which Fe4N forms (compound layer) for 
comparison to experimental data obtained 50 m below the interface of the compound layer and 
diffusion zone. 
6.2.3 Conventional Transmission Electron Microscopy (CTEM) 
CTEM and sample preparation were performed as described in Chapter 4. Samples for 
CTEM were taken from 50 m below the interface of the compound layer and diffusion zone for 
each condition. 
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6.2.4 Scanning Transmission Electron Microscopy (STEM) 
STEM was conducted to image Si containing precipitates based on differences in 
chemical composition using a high angle annular dark field (HAADF) detector on a FEI Talos 
F200X TEM with a 200 keV beam energy. Further compositional information was obtained with 
energy dispersive spectroscopy (EDS) using a Super-X EDS system and the Bruker E-Spirit 
software. A similar methodology to the one used to calculate the volume fraction of MX was 
used to calculate the volume fraction of Si containing precipitates. In the same fields of view 
used to image MX precipitates, STEM-HAADF micrographs were taken. The Si containing 
precipitates were assumed to be cuboidal in shape. The volume fraction was obtained by 
calculating the total volume of precipitates illuminated in STEM HAADF micrographs divided 
by the total viewed volume. A volume fraction measurement and an average particle size 
measurement were obtained at each field at an approximate magnification of 200,000 X. Six 
measurements of volume fraction and particle size were performed per condition evaluated. 
Between 1,000 – 3,000 particles were analyzed for each condition. The dimensions of the Si 
containing precipitates measured in STEM HAADF micrographs were used to calculate the size 
of spheres with equivalent volume in order to apply a strength model to the data. 
6.2.5 X-ray Diffraction (XRD) 
XRD was performed in order to evaluate dislocation density as described in Chapter 4. 
Samples for XRD were metallographically prepared down to 50 nm diamond suspension and 
then etched with 1 pct nital prior to XRD. X-ray diffraction was also used to measure the 
macroscopic surface residual stress after nitriding using the sin2(𝜓) method [6.22]. A Cr X-ray 
source was used to measure the change in spacing of the {112} ferrite plane as a function of tilt, 𝜓. Samples were prepared for residual stress measurements by polishing the nitride surface to 
50 m below the compound layer finishing with 1200 grit SiC paper. The residual stress was 
measured after mechanical polishing and again after electropolishing with a 30 pct NaCl aqueous 
solution at 4 V to remove another 50 m. The residual stress was measured in two perpendicular 
directions at each depth. The reported magnitude of surface compressive residual stress is the 
average of four measurements, i.e. a measurement of two perpendicular directions at the surface 
after mechanical polishing and another measurement of two perpendicular direction after 
electropolishing. Residual stress measurements were performed by Caterpillar Inc. 
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6.2.6 Hardness Testing 
Vickers microhardness testing was used to evaluate the effects of alloying and 
microstructure on the maximum case hardness after nitriding. Hardness testing was performed 
using a LECO® AMH55 Automatic Hardness Testing System with a LM110AT micro-indenter 
unit with a 100 g load on metallographically prepared cross sections after nitriding. All indents 
were spaced at least 100 m apart, and the closest indents to the nitrided surface were placed 50 
m below the interface of the compound layer and diffusion zone. Thirty hardness measurements 
were taken 50 m below the interface of the compound layer and diffusion zone to determine the 
maximum case hardness of each condition. 
6.3 Results 
The following section describes the results of hardness testing and quantitative 
microstructural characterization. 
6.3.1 Maximum Case Hardness 
Hardness testing was performed in order to evaluate the influences of V content, Si 
content, and starting microstructure on the maximum case hardness after nitriding. The 
maximum case hardness after nitriding as a function of V and Si content is shown in Figure 
6.2(a) and (b) for bainite and martensite starting microstructures, respectively. Increases in both 
V and Si content increase the maximum case hardness, and martensite starting microstructures 
generally have higher maximum case hardness values compared to bainite starting 
microstructures. Slight differences in the magnitude by which Si and V increase maximum case 
hardness are shown in Figure 6.2. Increases in Si content lead to larger increases in maximum 
case hardness in bainite microstructures compared to martensite microstructures, although 
increases in V content lead to similar increases in maximum case hardness for both 
microstructures. The increase in hardness from increased Si content from LoSiLoV to HiSiLoV 
is greater than from LoSiHiV to HiSiHiV. Similarly, the increase in hardness from increased V 
content from LoSiLoV to LoSiHiV is greater compared to increases in hardness from HiSiLoV 




    (a)          (b) 
6.3.2 Surface Residual Stress 
The influence of V and Si on the magnitude of compressive residual stress is shown in 
Figure 6.3 for bainite starting microstructures. Increases in V and Si contents both increase the 
magnitude of compressive residual stress at the surface after nitriding. The increase in Si content 
appears to result in a greater increase in the magnitude of compressive residual stress compared 
to the increase in V content. Starting microstructure is not expected to influence the magnitude of 
compressive residual stress after nitriding, but the LoSiLoV martensite condition was evaluated 
to confirm. Figure 6.3 shows that there is no significant difference between the magnitude of 
surface compressive residual stress between LoSiLoV bainite and LoSiLoV martensite.  
The magnitude of surface compressive residual stress for nitrided medium carbon low 
alloy steels reported in literature is generally below 600 MPa [6.23, 6.24]. However, alloys that 
contain elevated amounts of nitride forming elements such Cr, Mo, V, Si, and Al often have 
magnitudes of compressive residual stress after nitriding between 600 – 1000 MPa [6.24 – 6.26]. 
Clearly, the content of nitride formers, and likely the precipitation of nitride phases during 
nitriding influence residual stress.  
 
Figure 6.2  Maximum case hardness as a function of Si and V content for (a) martensite 
starting microstructures and (b) bainite starting microstructures. The symbols are the mean of 
30 measurements, and the error bars are 95 pct confidence limits (CLs). 
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6.3.3 Subgrain Size 
Subgrain size measurements were taken in the case region as well as the core region. No 
significant difference is observed between the subgrain size of the case and core regions for the 
conditions evaluated. The reported subgrain size is the average of measurements from the core 
and case regions. The influence of V and Si content on subgrain size is shown in Figure 6.4(a) 
and (b) for bainite and martensite starting microstructures, respectively. All of the alloys with a 
martensite starting microstructure have finer subgrain sizes compared to the bainite starting 
microstructures. The subgrain size of the martensite starting microstructures are not significantly 
influenced by either V or Si content. However, increases in Si content result in decreased 
subgrain sizes for the bainite microstructures. Similar to the martensite conditions, V content 
does not have a significant influence on the subgrain sizes of the bainite conditions. The finer 
subgrain sizes in martensite contribute to higher maximum case hardness values of the 
martensite microstructures compared to their bainite counterparts. Furthermore, the refinement in 
subgrain size from increased Si content in bainite contributes to greater increases in maximum 
case hardness values in bainite compared to martensite at the higher Si content. 
Figure 6.3  Magnitude of surface compressive residual stress as a function of V and Si content 
for bainite starting microstructures. LoSiLoV with a martensite microstructure is also shown. 
Compressive residual stress was measured with XRD. The symbols are the mean of 4 
measurements, and the error bars are 95 pct CLs. 
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          (a)             (b) 
The degree of subgrain refinement from increased Si content in bainite is illustrated in 
Figure 6.5. Figure 6.5(a) shows a superimposed subgrain and IQ map for LoSiLoV bainite, and 
Figure 6.5(b) shows a similar map for HiSiLoV bainite. As described in Chapter 3, the higher Si 
content conditions have lower martensite start temperatures, so bainite transformation 
temperatures were adjusted accordingly to form bainite at the lowest possible temperature in 
each condition. The high Si bainite conditions (HiSiLoV and HiSiHiV) were heat treated to form 
bainite by isothermally holding at 305 °C for 2 h, whereas the low Si bainite conditions 
(LoSiLoV and LoSiHiV) were isothermally held at 330 °C for 1h. The reduction in the bainite 
transformation temperature likely results in the finer subgrain sizes for HiSiLoV and HiSiHiV 
bainite. Similar subgrain refinement in high Si bainite is observed after tempering at 500 °C as 
described in Chapter 5.  
 
Figure 6.4  Subgrain size determined by EBSD as a function of V and Si content for (a) 
bainite and (b) martensite starting microstructures. A subgrain is defined by a boundary 
misorientation of 1° or greater. The symbols are the mean of 6 measurements taken from 




6.3.4 Cementite Size 
Cementite size was evaluated in both the case and core regions. The presence of nitride 
precipitates was found to obscure the cementite particles, so quantitative measurements of 
cementite size were performed in the core region for each condition. It is assumed that the 
cementite sizes evaluated in the core also apply to the case region. The effects of Si and V 
contents on cementite size are shown in Figure 6.6(a) and (b) for bainite and martensite starting 
microstructures, respectively. The cementite size decreases in the bainite microstructures with 
increasing Si content as shown in Figure 6.6(a). In contrast, increases in Si content do not 
significantly affect cementite size in the martensite microstructures shown in Figure 6.6(b). 
Likewise, V content has little influence on cementite size in either microstructure. The greater 
refinement of cementite size in bainite compared to martensite contributes to greater increases in 
maximum case hardness in bainite compared to martensite for higher Si conditions.  
Figure 6.5  Superimposed EBSD Subgrain and IQ maps for (a) LoSiLoV bainite and (b) 
HiSiLoV bainite. A subgrain is defined by a boundary of 1° misorientation or greater. 
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An illustration of the degree of cementite refinement in bainite resulting from increased 
Si content is provided in Figure 6.7. Figure 6.7(a) and (b) show SEM SE images of LoSiLoV 
bainite and HiSiLoV bainite, respectively. The cementite particles in LoSiLoV bainite are 
generally elongated within ferrite laths as would be expected from lower bainite. Spheroidal 
particles are also observed at lath boundaries. In contrast, the cementite particles in HiSiLoV 
bainite are generally not as elongated as in LoSiLoV and are significantly finer. Substitutional 
elements such as Si can slow the coarsening of cementite particles during tempering [6.27]. 
Influences of Si content on cementite coarsening should result in similar degrees of cementite 
refinement in bainite and martensite. However, cementite sizes decrease to a greater extent at the 
high Si level in bainite compared to martensite. The lower transformation temperature of the 
high Si bainite conditions compared to the low Si bainite conditions likely contributes to the 
finer cementite size. Similar cementite refinement in high Si bainite is observed and discussed in 
Chapter 5. 
Figure 6.6  Cementite size, reported as the diameter of a sphere with equivalent volume, as a 
function of V and Si content for (a) bainite and (b) martensite starting microstructures. The 
symbols represent the mean of 6 measurements, and the error bars are 95 pct CLs. 
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6.3.5 MX Precipitation 
The degree of MX precipitation was quantitatively evaluated using CTEM CDF imaging 
on samples obtained from 50 m below the interface of the compound layer and diffusion zone 
where the maximum case hardness was measured. Figure 6.8(a) and (b) show the volume 
fraction of one out of three MX variants (or one third of the total) as a function of V and Si 
contents for bainite and martensite starting microstructures, respectively. The measured volume 
fraction of MX precipitates increases with higher V contents, which is expected to contribute to 
the increase in maximum case hardness with increasing V content. However, Si content and 
starting microstructure do not have a significant effect. For comparison to experimentally 
measured values, Figure 6.8(c) shows one third of the equilibrium MX volume fraction estimated 
from ThermoCalc©. ThermoCalc© simulations suggest that more MX is present when Si3N4 and 
Mn3N2 do not form. The error bars in Figure 6.8(c) represent the range of MX volume fractions 
expected depending on whether Si3N4 and Mn3N2 are present. Figure 6.8(c) shows that increases 
in V content are expected to increase the equilibrium volume fraction of MX, as measured 
experimentally, but the degree of Si3N4 and Mn3N2 precipitation also have a pronounced effect.  
 
Figure 6.7  Representative SEM SE micrographs of cementite particles in (a) LoSiLoV 






Figure 6.8  Volume fraction of 1 out of 3 variants of MX precipitates measured by CTEM as a 
function of V and Si content for (a) bainite and (b) martensite starting microstructures. (c) 
Equilibrium volume fraction of MX at 525 °C calculated by ThermoCalc©. Symbols in (a) and 
(b) represent the mean of 6 measurements, each obtained from a single variant of MX from a 
field of view at approximately 200,000 X. The symbols in (c) represent the average volume 
fraction of MX calculated based on varying degrees of Si3N4 and Mn3N2 precipitation. The 
error bars in (a) and (b) represent 95 pct CLs. The error bars in (c) represent the range of MX 
volume fractions calculated based on varying degrees of Si3N4 and Mn3N2 precipitation. 
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All experimentally measured volume fractions for MX are below the average equilibrium 
values simulated using ThermoCalc©.  The low V conditions exhibit MX volume fractions 
below the lower range of values expected from equilibrium calculations, although the high V 
conditions exhibit MX volume fractions within the lower range of equilibrium values. It is to be 
expected that the measured MX volume fractions are below the mean equilibrium values, 
considering the equilibrium calculations do not account for surface energy or strain energy 
effects. Strain energy and surface energy serve to decrease the volume fraction of MX. 
Furthermore, the system may not have reached metastable equilibrium with respect to strain and 
surface energy effects during the nitriding treatment. 
Representative CTEM BF/CDF pairs of HiSiHiV Bainite are shown in Figure 6.9. 
Figure 6.9(a) is a CTEM BF micrograph, and (b) and (c) are CDF micrographs illuminating two 
different variants of MX from the same field of view. The g vectors used to provide contrast in 
each CDF are perpendicular to each other, and furthermore, the MX precipitates are elongated 
perpendicular to the operative g vector in each micrograph. The schematic SADP in Figure 4.1 in 
Chapter 4 shows that lattice matching exists between the {200} planes of MX and the {200} 
planes of ferrite which comprise the habit plane between the two phases. However, there is 
greater mismatch perpendicular to the habit plane resulting in the MX precipitates being 
elongated parallel to the habit plane while being thin perpendicular to the habit plane. The size of 
MX precipitates does not vary significantly amongst all of the conditions evaluated. The mean 
length is 2.2 ± 0.08 nm and the mean thickness is 1.2 ± 0.05 nm, which is between the sizes of 
MX precipitates measured after tempering at 500 and 650 °C described in Chapter 4. 
6.3.6 Amorphous Nitride Precipitation 
Amorphous Si containing precipitates were evaluated using STEM HAADF on the same 
specimens used for MX volume fraction measurements. The precipitates are assumed to be 
amorphous because no diffraction patterns could be obtained from the Si containing precipitates 
using CTEM. Furthermore, similar amorphous Si containing nitride precipitates have been 
reported in literature. Figure 6.10(a) shows a representative STEM HAADF micrograph obtained 
from HiSiLoV bainite. The dark cuboidal regions indicate a lower average atomic number (Z 
contrast) compared to the ferrite matrix. The arrow shown in Figure 6.10(a) indicates the location 
of an EDS line scan, and the results of the EDS line scan are shown in Figure 6.10(b). The dark 
particle exhibits higher concentrations of Si, Mn, and N compared to the surrounding ferrite 
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matrix. The EDS results for the particle are influenced by the underlying ferrite matrix that exists 
through the thickness of the sample, so Figure 6.10(b) only shows qualitatively higher amounts 






Figure 6.9  (a) CTEM BF and (b) (c) CDF micrographs from the same field of view in 
HiSiHiV bainite. The CDF micrographs in (b) and (c) illuminate two different variants of MX. 
The SADPs in the inset of (b)(c) show the location of the objective aperture during CDF 
imaging by the location of the arrow. Arrows in the micrographs indicate the direction of the 






Quantitative volume fraction measurements were made of the cuboidal Si and Mn 
containing nitrides (herein after referred to as (Si,Mn) nitrides) for each condition. Figure 6.11(a) 
and (b) show the volume fraction of (Si,Mn) nitrides measured as a function of V and Si content 
for bainite and martensite starting microstructures, respectively. Increases in Si content increase 
Figure 6.10  (a) STEM HAADF Micrograph of HiSiLoV bainite showing dark (lower average 
atomic number) cuboidal particles. The arrow shows the path of an EDS line scan. (b) Fe, Mn, 
Si, and N concentration as a function of position along the EDS line scan shown in (a).   
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the volume fraction of (Si,Mn) nitrides, which contributes to the higher maximum case hardness 
values with increases in Si content. Increases in V content and different starting microstructures 
do not have a significant effect. Figure 6.11(c) shows the total equilibrium volume fractions of 
crystalline Si3N4 and Mn3N2 expected from ThermoCalc© simulations. No data for amorphous 
Si3N4 and Mn3N2 are available in the version of ThermoCalc© used, so the crystalline phases 
were used in the calculations. The error bars in Figure 6.11(c) show the range of the total volume 
fraction of Si3N4 and Mn3N2 depending on whether Mn3N2 forms. In general, the measured 
volume fractions of amorphous (Si,Mn) nitrides are far below the range of calculated volume 
fractions for crystalline Si3N4 and Mn3N2. Numerous factors likely contribute to the measured 
volume fractions being lower than the equilibrium values. Firstly, the equilibrium calculations 
are based on the individual crystalline phases of Si3N4 and Mn3N2, which are expected to have 
lower chemical free energy compared to the amorphous phase that contains both Si and Mn. 
Similar to the simulations for MX, equilibrium calculations do not account for strain and surface 
energies. Generally, the equilibrium volume fraction calculations shown in Figure 6.11(c) can be 
considered an upper bound for the expected volume fraction of amorphous (Si,Mn) nitrides. 
Representative STEM HAADF micrographs obtained from LoSiLoV and HiSiLoV 
bainite are shown in Figure 6.12(a) and (b), respectively. In both micrographs, the cuboidal 
(Si,Mn) nitrides are oriented such that the faces are perpendicular to {200} type directions as 
observed with amorphous Si3N4 precipitates in literature. The sizes of the (Si,Mn) nitrides are not 
significantly different amongst the conditions evaluated. The mean length of the (Si,Mn) nitrides, 
assuming a cuboidal shape, is 9.3 ± 0.15 nm. However, the high Si conditions have more 
particles per volume compared to the low Si conditions. In other reports of amorphous Si nitrides 
in the literature, the cuboidal precipitates are in general larger compared to the current results, 
with average sizes ranging from approximately 20 – 100 nm, likely due to higher nitriding 
temperatures ranging from 530 – 580 °C or longer nitriding times up to 216 h [6.14, 6.17, 6.16]. 
The results presented here constitute the first report confirming the presence of amorphous Si 
and N containing precipitates that also contain Mn. Earlier studies in the literature evaluated the 








Figure 6.11  Volume fraction of (Si,Mn) nitrides measured by STEM HAADF as a function of 
V and Si content for (a) bainite starting microstructure and (b) martensite starting 
microstructure. (c) The total volume fraction of Si3N4 and Mn3N2 simulated from 
ThermoCalc©. Symbols in (a) and (b) represent the mean of 6 measurements, each obtained 
from a field of view at approximately 200,000 X. The symbols in (c) represent the average 
sum of Si3N4 and Mn3N2 volume fractions depending on the degree of Mn3N2 precipitation. 
The error bars in (a) and (b) represent 95 pct CLs. The error bars in (c) represent the range in 
values depending on whether Mn3N2 forms.  
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          (a)             (b) 
6.3.7 Dislocation Density 
Dislocation density was measured after nitriding in order to determine if increases in Si 
or V content have a significant effect. Strain broadening, or changes in the ferrite lattice due to 
elastic strain accommodation of the misfit strain from nitride precipitation in the nitrided surface 
confounded the analysis of dislocation density. Accordingly, dislocation density was measured 
below the nitrided surface, in the core microstructure such that the influences of nitride 
precipitation was minimized, but the relative effects of Si and V alloying could be evaluated. 
Figure 6.13(a) and (b) show dislocation density as a function of V and Si content for bainite and 
martensite microstructures, respectively. In general, increases in V content lead to increases in 
dislocation density which contribute to increases in maximum case hardness. However, Si 
content and different matrix microstructures do not significantly influence dislocation density 
with the exception of the HiSiHiV martensite condition. HiSiHiV martensite has a higher 
dislocation density than HiSiHiV bainite, as well as LoSiHiV martensite and HiSiLoV 
martensite.  
Figure 6.12  STEM HAADF micrographs of (a) LoSiLoV bainite and (b) HiSiLoV bainite. 




          (a)             (b) 
Although no quantitative measurements of MX volume fraction in the non-nitrided core 
region were made, increases in V content increase the MX volume fraction in the core as well as 
in the region of maximum case hardness based on ThermoCalc© calculations shown in 
Chapter 4. Dislocations likely interact with MX precipitates during recovery, so higher volume 
fractions of MX slow recovery in the high V alloys resulting in higher dislocation densities as 
discussed in Chapter 4. Due to dislocation density measurements being obtained below the 
nitrided surface, the influence of amorphous (Si,Mn) nitrides on recovery could not be 
determined. It is therefore possible that the dislocation density measurements for HiSiLoV and 
HiSiHiV shown in Figure 6.13 are likely underestimates for the region of maximum case 
hardness. The dislocation density in the region of maximum case hardness after nitriding is 
perhaps between the value after tempering (before nitriding) and the value in the core after 
nitriding. The dislocation density for HiSiLoV bainite and martensite after tempering is 
approximately 7.5 x 1014 m-2,
 and the value for HiSiHiV bainite and martensite after tempering is 
approximately 9.5 x 1014 m-2. These values, compared to the data in Figure 6.13 indicate that the 
worst-case underestimate of dislocation density in the region of maximum case hardness after 
nitriding for the high Si conditions is approximately 2 x 1014 m-2. However, predictions of the 
Figure 6.13  Dislocation density determined by XRD as a function of V and Si content for (a) 
bainite and (b) martensite starting microstructures. Symbols are the mean of 3 measurements, 
and bars are 95 pct CLs. 
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contribution of various strengthening mechanisms to increases in maximum case hardness 
discussed in the next section shows this potential underestimate is minor.  
6.4 Discussion 
The following sections discuss the observed influences of V and Si content on case 
hardness and residual stress after nitriding. 
6.4.1 Hardness Predictions from a Microstructure Based Model 
A microstructure based hardness model was used to predict the influences of V and Si 
contents on maximum case hardness. The same expressions used to model contributions from 
dislocation density, precipitation strengthening, and subgrain size described in Chapter 4 are 
used. The Ashby-Orowan equation is used to model precipitation strengthening from (Si,Mn) 
nitrides. The combined hardness model for maximum case hardness is in the form ∆𝜎𝑡𝑜𝑡𝑎𝑙 =  √∆𝜎𝜌2 + ∆𝜎𝑝𝑝𝑡,𝑀𝑋2 + ∆𝜎𝑝𝑝𝑡,𝜃2 + ∆𝜎𝑝𝑝𝑡,(𝑆𝑖,𝑀𝑛)2 + ∆𝜎𝑆𝐺𝑆2   (6.1) 
where ∆𝜎𝜌 is the strengthening contribution due to dislocation density; and Δ𝜎𝑝𝑝𝑡,𝑀𝑋 is the 
strengthening contribution due to MX precipitation strengthening; Δ𝜎𝑝𝑝𝑡,𝜃 is cementite 
precipitation strengthening; Δ𝜎𝑝𝑝𝑡,(𝑆𝑖,𝑀𝑛) is (Si,Mn) nitride precipitation strengthening; and ∆𝜎𝑆𝐺𝑆 is the contribution from subgrain size strengthening. The root sum of squares approach 
essentially calculates hardness based on the average spacing between all strong obstacles in the 
microstructure. The values of the constants used in the model are 3.0 for the Taylor factor 𝑀; 0.2 
for the geometrical factor 𝛼; 81.6 GPa for the shear modulus 𝐺; and 0.248 nm for 𝑏. For 
strengthening mechanisms where V or Si content do not have a significant effect, e.g. Si content 
does not affect MX precipitate volume fraction and size, the same value is used for both high and 
low Si conditions. Similarly, V content does not affect subgrain size, so the subgrain size of the 
low V condition is used to predict V effects. 
The hardness model expressed in Equation 6.1 does not account for weak obstacles to 
dislocation motion such as substitutional solid solution strengthening. It is assumed that Si solid 
solution strengthening is linearly added to Equation 6.1. An estimate of Si solid solution 
strengthening for high Si conditions is derived from STEM EDS measurements of ferrite Si 
content shown in Figure 6.10(b). The measured Si content in ferrite in HiSiLoV bainite is 1.1 ± 
0.2 wt pct. Using the measured Si content in ferrite, the mass fraction of (Si,Mn) nitrides in 
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HiSiLoV bainite (calculated from the measured volume fraction), and a mass balance for Si, the 
expected Si content in the (Si,Mn) nitrides is approximately 61 wt pct. Assuming that the Si 
content in the (Si,Mn) nitrides is the same for all conditions, and using the mass fraction of 
(Si,Mn) nitrides in low Si bainite, and a mass balance for Si, the Si content in ferrite in low Si 
bainite is calculated to be approximately 0.55 wt pct. The calculated difference of approximately 
0.55 wt pct Si between high and low Si conditions and the average magnitude of Si solid solution 
strengthening from literature, 27 HV/wt pct Si [6.21], are used to calculate the contribution of 
solid solution strengthening. 
Equation 6.1 is used to model the increase in maximum case hardness from an increase in 
V content for all conditions. The hardness model predictions and observed increases in 
maximum case hardness from increased V content are shown in Figure 6.14. The model predicts 
that the dominant contribution to the increase in maximum case hardness for every condition is 
increased MX precipitation strengthening. The predicted contribution from higher dislocation 
density in the higher V conditions to increases in maximum case hardness is minor. In general, 
the confidence limits of the model predictions and experimental measurements overlap for each 
condition indicating a good fit of the model to the data.  
 
Figure 6.14  Predicted and experimentally measured increases in maximum case hardness from 
increases in V content for low and high Si martensite and bainite. Values are based on 
differences in hardness and microstructural features between low and high V contents for each 
condition. The error bars represent 95 pct CLs. 
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Equation 6.1 and the calculation of Si solid solution strengthening are used to model the 
increase in maximum case hardness from an increase in Si content for all conditions. The 
hardness model predictions and measured increases in maximum case hardness from increases in 
Si are shown in Figure 6.15. The model predicts that the dominant contributions to the increases 
in maximum case hardness from increases in Si content are due to increased (Si,Mn) nitride 
precipitation strengthening and increased Si solid solution strengthening. The model for the 
effects of Si content on low V bainite, i.e. the difference in the maximum case hardness between 
HiSiLoV and LoSiLoV bainite, additionally includes components from refinement of subgrain 
boundary size and cementite size. The model for the effects of Si content on high V bainite, i.e. 
the difference in maximum case hardness between HiSiHiV and LoSiHiV bainite, also includes 
components from the differences in subgrain boundary size and cementite size. The model for 
increases in Si content in high V martensite additionally includes a component from the higher 
dislocation density in HiSiHiV martensite. The dislocation density for the high Si conditions was 
potentially underestimated as mentioned in the results section for dislocation density. The 
maximum underestimate is on the order of 2 x 1014 m-2, which is similar to the increase in 
dislocation density measured with increases in V content, as shown in Figure 6.14. Considering 
the small contribution of dislocation density to the model predictions shown in Figure 6.14, it is 
considered that potential underestimates of dislocation density in Figure 6.15 are negligible.    
Experimental results in Figure 6.14 show that the increase in maximum case hardness is 
smaller when V is added to high Si conditions compared to low Si conditions. Similarly, 
Figure 6.15 shows that the increase in maximum case hardness is smaller when Si is added to 
high V conditions compared to low V conditions. The hardness model predicts similar trends in 
both Figure 6.14 and 6.15, which can be understood by considering the functionality of the 
hardness model. The root sum of squares functionality shown in Equation 6.1 is derived from 
considering how adding a certain number of strong obstacles from a given strengthening 
mechanism influences the average spacing between all obstacles in a microstructure. In general, 
the addition of a certain number of strong obstacles causes a smaller reduction in the average 
spacing when a large number of obstacles are already present. In other words, an increase in MX 
volume fraction from an increase in V content leads to a smaller increase in maximum case 
hardness when a large volume fraction of (Si,Mn) nitrides is already present, such as in high Si 




6.4.2 Effects of Nitride Precipitation on Residual Stress 
Increases in V and Si increase the magnitude of compressive residual stress and 
maximum case hardness.  The nitride phases, which have lower physical densities and larger 
molar volumes than the ferrite matrix, cause the nitrided region to expand. The expansion of the 
nitrided surface is constrained by the core microstructure that is not nitrided, so macroscopic 
compressive residual stresses develop [6.28]. A correlation between the total volume fraction of 
MX and (Si,Mn) nitrides and the magnitude of compressive residual stress is shown in 
Figure 6.16. An increase in MX volume fraction leads to greater increases in residual stress, per 
increase in volume fraction, compared to (Si,Mn) nitrides. This observation is unexpected 
considering there is a larger difference in the volume mismatch between crystalline Si3N4 and 
ferrite compared to between VN and ferrite [6.28]. Furthermore, amorphous Si3N4 is estimated to 
have a lower density and larger molar volume than crystalline Si3N4 [6.17], which should lead to 
a larger volume misfit. It is possible that amorphous Si3N4 is more compressible than MX 
Figure 6.15  Predicted and experimentally observed increases in maximum case hardness from 
an increase in Si content for low and high V martensite and bainite. Values are based on 
differences in hardness and microstructural features between low and high Si contents for each 
condition. The error bars represent 95 pct CLs. 
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leading to smaller than expected increases in compressive residual stress based on molar volume 
alone. Despite the larger increase in residual stress per volume fraction of MX, larger total 
increases in residual stress are obtained by increasing Si content due to the much larger increases 
in the (Si,Mn) nitride volume fraction. Linear extrapolation of the data in Figure 6.16 suggests 
that approximately 600 MPa of compressive residual stress exists with no nitride phases present. 
By measuring the residual stress in a commercial medium carbon steel after nitriding and 
denitriding to remove only solute N, Korevaar et al. estimated that the majority of the 
compressive residual stress after nitriding can be attributed to solute nitrogen, although the 
magnitude of the compressive residual stress measured was on the order of 150 – 200 MPa. 
However, the volume fraction of nitride phases was not measured after nitriding and denitriding 
to confirm the volume fraction of nitride phases was not affected by the denitriding process 
[6.29]. It is assumed in the present analysis that the residual stress that cannot be accounted for 
by nitride precipitates is a result of solute N, which is approximately equivalent for all of the 
alloys shown in Figure 6.16. 
 
6.4.3 Comparison of Observed Strengthening from V and Si to Literature Data 
Increases in maximum case hardness from increases in V and Si contents measured in 
this work are compared to data from literature in Figure 6.17. Increases in maximum case 
Figure 6.16  Correlation between the total volume fraction of (Si,Mn) nitrides and MX with 
the magnitude of compressive residual stress.  
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hardness as a function of increases in V content are shown in Figure 6.17(a). The current results 
fit within the range of data reported in the literature. Considering V content is found to primarily 
increase the maximum case hardness by increased MX precipitation strengthening, it is likely 
that the same mechanism is also dominant in the other data sets from literature as well. The 
variation in the increase in maximum case hardness with increasing V content amongst the 
different data sets can be rationalized by considering the functionality of combining multiple 
populations of non-shearable precipitates and the functionality of precipitation strengthening 
itself. In Figure 6.17(a), the slopes of the lines for each data set appear to decrease as the 
maximum V content for each data set increases. Equation 4.3, which describes the Ashby-
Orowan equation in Chapter 4, indicates that precipitation strengthening for non-shearable 
precipitates varies with square root of volume fraction. If it is assumed that MX precipitate 
volume fraction is roughly proportional to V content, precipitation strengthening should vary 
with the square root of V content, although the amount of V in solution prior to nitriding in many 
of the other studies shown in Figure 6.17 is not reported. The slope of a curve expressing 
precipitation strengthening as a function of V content would decrease with increasing V content. 
The increase in maximum case hardness from an increase in V content added to AISI4140 from 
the Klemm-Toole et al. data set and the current results show a smaller slope compared to the data 
from the data set related to AISI 1045. AISI 1045 contains a lower concentration of nitride 
formers such as Cr, Mo, and Si compared to AISI 4140 and the alloys from this work. As a 
result, the increase in MX volume fraction from increased V content has a greater strengthening 
effect because a smaller volume fraction of nitrides forms in AISI 1045. In summary, the effects 
of V content on the maximum case hardness after nitriding is largely due to increases in MX 
precipitation strengthening.  
Increases in maximum case hardness as a function of increases in Si content are shown in 
Figure 6.17(b). The magnitude of the increases in hardness from Si content are similar between 
the current results and the other data sets from literature. The current study suggests that 
increases in Si content result in increased solid solution strengthening in addition to increased 
precipitation strengthening from Si containing nitride precipitates. Considering that the data sets 
reported by Riofano et al., Takase et al., and Tomio et al. show strengthening that exceeds what 
would be expected from solid solution strengthening, precipitation strengthening from Si 





          (a)             (b) 
6.4.4 Industrial Implications of Improved Nitriding Characteristics 
In industrial practice, it is common to heat treat nitriding steels to form high temperature 
tempered martensite prior to nitriding [6.2]. If steels are nitrided in the as-forged condition with a 
bainitic microstructure, the maximum case hardness values would likely be lower as 
demonstrated by LoSiLoV bainite having a lower maximum case hardness compared to 
LoSiLoV martensite in Figure 6.2. In the present study, the maximum case hardness values for 
martensite starting microstructures are observed to be approximately 20 – 25 HV higher than the 
bainite counterparts. Increases in V and Si content evaluated in the present study increase the 
maximum case hardness after nitriding between 45 and 80 HV. Therefore, additions of V or Si 
can compensate for the lower hardness of a bainite microstructure after nitriding, as shown by 
LoSiHiV bainite, HiSiLoV bainite, and HiSiHiV bainite all having a higher maximum case 
hardness compared to LoSiLoV martensite. Furthermore, the compressive residual stress after 
Figure 6.17  The change in maximum case hardness after nitriding as a function of (a) V and 
(b) Si content. The change in maximum case hardness is referenced to the condition with the 
lowest alloy content for each data set. The dashed line from De Cooman et al. in (b) indicates 
the expected increase in hardness from Si solid solution strengthening. Data taken from Urao 
et al. [6.13], Miyamoto et al. (2005) [6.5], Miyamoto et al. (2015) [6.10], Schwarz et al. 
[6.14], Klemm-Toole et al. [6.15], Riofano et al. [6.19], Takase et al. [6.20], Tomio et al. 
[6.7], De Cooman et al. [6.21], and the current results. 
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nitriding is not significantly different between bainite and martensite for a given alloy. In 
summary, alloying with V and Si can enable the design of new steels that can potentially be 
nitrided in the as-forged condition (with a bainite microstructure) allowing for decreased process 
time and cost, albeit in conjunction with potentially higher alloying costs.  
Increasing the maximum case hardness and compressive residual stress from the 
precipitation of (Si,Mn) nitrides represents a novel and industrially relevant method to improve 
nitriding performance. Nitriding steels typically rely on elements such as Al, Cr, Mo, or V to 
form MX precipitates during nitriding. The results shown in Figure 6.2 indicate that increases in 
Si content used in this study can increase maximum case hardness values to a similar degree as 
the additions of V employed. Furthermore, the evaluated increases in Si content result in larger 
increases in compressive residual stress compared to V content. Presumably, increases in Mn 
content could also produce increases in maximum case hardness and compressive residual stress 
if the volume fraction of (Si,Mn) nitrides is increased. In order to obtain significant increases in 
maximum case hardness from increases in V content in commercial medium carbon steels after 
nitriding, high austenitizing temperatures, such as 1050 °C employed here, are needed to obtain 
high V contents in solution prior to quenching to form martensite or bainite. Typically, strong 
nitride or carbide formers such as V form carbonitrides in austenite which require high 
temperatures to dissolve. High austenitizing temperatures can lead to coarse prior austenite grain 
sizes which can be deleterious to toughness and potentially fatigue strength. In contrast to strong 
nitride formers such as V, elements such as Mn and Si generally do not precipitate as 
carbonitrides in austenite, so large amounts of Mn and Si can remain in solution at low 
austenitizing temperatures. In summary, the application of Si and Mn alloying has the potential 
to significantly improve nitriding performance while not requiring high austenitizing 
temperatures to be effective.  
6.5 Conclusions 
The effects of V and Si contents have been correlated to maximum case hardness and 
compressive residual stress after nitriding with the following main conclusions:  
• Increases in V content lead to increases in the volume fraction of the MX phase resulting 
in higher maximum case hardness values. Increases in V content also lead to higher 
dislocation density, but the contribution to maximum case hardness from higher 
dislocation density is minor compared to MX precipitation strengthening.  
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• Increases in Si content lead to increases in the volume fraction of amorphous Si and Mn 
containing (Si, Mn) nitrides resulting in higher maximum case hardness values. Increases 
in Si content also lead to increased solid solution strengthening because significant 
amounts of Si content remain in solution in ferrite. In addition, increases in Si content 
lead to refined subgrain size and cementite size in bainite starting microstructures. 
• Increases in the volume fractions of MX and (Si,Mn) nitrides increase the magnitude of 
compressive residual stresses at the surface after nitriding. The increases in Si content 
evaluated in this study lead to larger increases in the magnitude of compressive residual 
stress compared to increases in V content. No significant difference in residual stress was 
measured between martensite and bainite starting microstructures. 
• The maximum case hardness values of martensite starting microstructures are only 20 – 
25 HV higher than bainite microstructures. Alloying with V or Si can compensate for the 
lower hardness of a bainite starting microstructure and may allow for nitriding to be 
performed in the as-forged condition (with a bainitic microstructure) with sufficiently 
high maximum case hardness. 
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ENHANCED FATIGUE PERFORMANCE OF VANADIUM AND SILICON ALLOYED 
MEDIUM CARBON STEELS AFTER NITRIDING THROUGH INCREASED CORE 
FATIGUE STRENGTH AND COMPRESSIVE RESIDUAL STRESS  
 
The fatigue performance of the nitrided experimental medium carbon steels developed 
for this project were evaluated using cantilever bending fatigue testing. Hardness testing and x-
ray diffraction residual stress measurements were used in conjunction with an analysis of the 
applied and residual stress distributions to determine vulnerable regions of crack initiation in 
fatigue specimens. The analysis was correlated with experimental scanning electron microscopy 
observations of crack initiation location. The influences of V and Si content on core fatigue 
strength and compressive residual stress are discussed in relation to improvements in fatigue 
performance after nitriding.  
7.1 Introduction 
Surface hardening processes such as nitriding are commonly used to improve the 
performance of fatigue limited machine components such as transmission gears [7.1]. Nitriding 
involves the diffusion of nitrogen into the surface of a component, typically at temperatures 
where ferrite is stable in a steel. The source of nitrogen in the nitriding process can be nitrogen 
containing plasma, molten salt, or heated gas [7.2, 7.3]. The diffusion of nitrogen into the surface 
of a steel results in solid solution strengthening as well as precipitation strengthening if nitride 
forming elements are present in the steel. Solute nitrogen and nitride precipitation also generate 
compressive residual stresses, which improve fatigue performance [7.4, 7.5].  
Multiple authors have sought to improve the fatigue performance of medium carbon 
steels by altering characteristics of the nitride case such as maximum case hardness and case 
depth by adjusting parameters of the nitriding process. Alsaran et al. ion nitrided AISI 5140 at 
temperatures ranging from 400 – 550 °C for times ranging from 1 – 12 h. Longer times and 
higher temperatures led to deeper case depths, whereas the highest maximum case hardness was 
obtained by nitriding at 450 °C for 4 h. The fatigue strength tested by rotating bending fatigue 
increased with increasing case depth and maximum case hardness. The dominant failure 
mechanism at stresses near the fatigue strength was subsurface fatigue crack initiation [7.6]. 
Sirin et al. ion nitrided AISI 4340 at temperatures ranging from 500 – 540 °C for times ranging 
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from 2 -16 h. Similar to the results from Alsaran et al., case depths increased with increasing 
time and temperature. The highest case hardness was obtained after approximately 8 h at 500 and 
540 °C. Fatigue performance was evaluated using rotating bending fatigue, and the fatigue 
strength generally increased with increasing maximum case hardness and case depth. The 
dominant failure mechanism at stresses near the fatigue strength was subsurface initiation at 
nonmetallic inclusions in the core or at the case/core interface [7.7]. Celik et al. ion nitrided AISI 
4140 at 500 and 540 °C for times ranging from 1 – 8 h leading to similar variations in case depth 
and case hardness as reported by other authors. Fatigue performance was evaluated with rotating 
bending fatigue, and the fatigue strength increased with increasing case hardness and case depth. 
Similar to other authors, fatigue cracks predominantly initiated at subsurface nonmetallic 
inclusions in the core at stresses near the measured fatigue strength after nitriding [7.8]. Genel et 
al. ion nitrided AISI 4140 at 475 °C for 1 – 16 h with the specific intent of varying case depth 
while keeping case hardness constant. The fatigue strength of nitrided rotating bending fatigue 
specimens increased with increasing case depth at a relatively constant case hardness. Subsurface 
fatigue crack initiation in the core or case/core interface was the dominant failure mechanism 
near the fatigue strength [7.9]. Woolman et al. reported the fatigue strength of nitrided En41B, 
which is a steel specifically designed for nitriding and contains approximately 1 wt pct Al. After 
nitriding at 515 °C for 80 h, the case hardness was approximately 1180 HV, which is 
exceptionally high compared to typical low alloy steels. The fatigue performance was evaluated 
for varying carbon contents of the steel ranging from 0.3 to 0.44 wt pct. Increasing carbon 
contents of the steel correlated with slight increases in rotating bending fatigue strength after 
nitriding [7.10]. 
Data relating to maximum case hardness, case depth, core fatigue strength and fatigue 
strength after nitriding from the above discussed authors are summarized in Figure 7.1. 
Figure 7.1(a) shows correlations of maximum case hardness and fatigue strength after nitriding. 
Although increases in maximum case hardness correlate with increases in fatigue strength within 
each data set, large variations in fatigue strength exist for a given maximum case hardness 
between data sets. An extreme example is En41B which has a maximum case hardness of 
1180 HV, but the fatigue strength is on the low end of the other literature data sets. Figure 7.1(b) 
shows correlations of fatigue strength after nitriding with normalized case depth. Once again, 
within each data set, increases in normalized case depth tend to correlate with increases in 
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fatigue strength, but large variations in fatigue strength exist between data sets for a given 
normalized case depth. Figure 7.1(c) shows a correlation of core fatigue strength with fatigue 
strength after nitriding. The core fatigue strength is represented by quenched and tempered 
specimens. The majority of the data sets shown in Figure 7.1(c) use the same base material and 
vary nitriding parameters, so the core fatigue strength is effectively the same for each condition 
within each data set. Woolman et al. evaluated varying carbon contents in En41B which 
generally resulted in higher core fatigue strengths with higher carbon contents. Generally, 
Figure 7.1(c) shows that increasing core fatigue strength correlates with increasing fatigue 
performance after nitriding. The increases in core fatigue strength are likely due to increases in 
core hardness. Core hardness values in the study by Alsaran et al. were approximately 250 HV, 
whereas Genel et al. reported higher core hardness values of approximately 320 HV [7.6, 7.9]. 
Considering that the dominant failure mode near the fatigue strength was subsurface initiation in 
the core, it is to be expected that higher core hardness values and resulting higher core fatigue 
strengths correlate to higher fatigue strengths after nitriding.  
Literature data suggest that both the core and nitrided case properties affect the fatigue 
performance of nitrided medium carbon steels. Alloying can be employed to influence the 
properties of both the case and core after nitriding. Microalloying additions of vanadium (V) 
[7.11 – 7.12] as well as increases in silicon (Si) content [7.13 – 7.16] increase hardness in the 
case and core after nitriding. It is expected that optimized alloying contents can lead to more 
advanced nitriding steels with improved fatigue performance. With improved fatigue 
performance after nitriding, it is possible that advanced steel alloys can be nitrided in the as-
forged condition without first heat treating to form tempered martensite, which can lead to cost 
and process time savings. In order to explore alloying strategies to improve fatigue performance 
after nitriding, a series of medium carbon steels containing V and Si were manufactured and heat 
treated to form tempered martensite as would be typically performed in industrial practice. The 
steels were also heat treated to form bainite which would be expected in the as-forged condition 
for common medium carbon steel used in nitriding applications. Cantilever bending fatigue was 
performed in order to evaluate the fatigue performance after nitriding. 
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          (a)           (b) 
 
     (c) 
7.2 Materials and Methods 
The following section describes key parameters of fatigue testing and characterization 
techniques used to investigate the influences of V and Si content on fatigue performance. 
Figure 7.1  Fatigue strength after nitriding as a function of (a) maximum case hardness, (b) 
normalized case depth, and (c) core fatigue strength. Data taken from Alsaran et al. [7.6], Sirin 
et al. [7.7], Celik et al. [7.8], Genel et al. [7.9], and Woolman et al. [7.10]. 
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7.2.1 Alloy Compositions and Heat Treatments 
Samples were machined from the five experimental alloys listed in Chapter 3 and were 
heat treated to form tempered martensite or tempered bainite as described in Chapter 6. Half of 
the samples were machined into modified Brügger bending fatigue specimens, shown in 
Figure 7.2, and gas nitrided at 525 °C for 18 h in an ammonia and hydrogen gas environment at 
Caterpillar Inc. The other half of the samples were heat treated at 525 °C for 18 h in air, by a 
commercial heat treating vendor Metal Treating and Research Co, to simulate the nitriding 
thermal cycle experienced by the core region of nitrided samples. The specimens were then 
machined into modified Brügger bending fatigue specimens. Herein after, samples that were heat 
treated with only the nitriding thermal cycle and machined into fatigue specimens are referred to 
as “core” specimens. Specimens that were nitrided are referred to as such. The longitudinal 
direction of the final machined Brügger bending fatigue specimens correspond to the draw 
forging direction shown in Figure 3.6. This chapter focuses on results from LoSiLoV, LoSiHiV, 
HiSiLoV, and HiSiHiV. A summary of all fatigue data, including from LoSiLoV-Cr is included 
in Appendix C. 
7.2.2 Fatigue Testing 
All fatigue specimens were polished down to 1200 grit using SiC paper prior to fatigue 
testing. Final polishing was performed such that scratches ran parallel to the longitudinal 
direction of the fatigue specimens. The polishing process removed approximately 65 m from 
the surface which is equivalent to approximately 50 m below the interface of the compound 
layer and diffusion zone on nitrided specimens. Load controlled fatigue testing was performed on 
a Sontag SF-01U universal testing machine. Fatigue specimens were tested in cantilever bending 
with a stress ratio, R (minimum stress/maximum stress) of 0.1. The universal testing machine 
was calibrated by applying various static and dynamic loads to a specimen with a strain gauge 
installed to determine the resulting stresses. An initial estimate of the fatigue strength was 
obtained by first testing one specimen at incrementally increasing stresses. Starting at a 
maximum stress (mean stress + stress amplitude) of 900 MPa, the sample was tested to see if 
failure occurred within 1 x 106 cycles. If failure did not occur, the stress was increased by 
50 MPa and tested for another 1 x 106 cycles.  Once the specimen failed within 1 x 106 cycles, a 
subsequent specimen was tested at 150 MPa above the stress at which failure occurred in the 
incremental increasing stress test. Further specimens were tested at decreasing stresses in 
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50 MPa increments (one stress per specimen) until a specimen elapsed 5 x 106 cycles without 
failure, or “ran-out”. The first stress that resulted in a run-out was considered to be the first 
estimate of the fatigue strength. Further data on the endurance limit was obtained by performing 
the stair-step method with a step size of 25 MPa [7.17]. The stair-step method involves 
increasing or decreasing the stress on subsequent specimens depending whether they follow a 
run-out or failure, respectively. For instance, following the initial estimate of the endurance limit, 
which was a run-out, the next specimen was tested at a 25 MPa higher stress. If the sample 
failed, the next specimen would be tested at a 25 MPa lower stress. The stair-step method was 
performed on all conditions until at least three run-outs for each condition was obtained. The 
mean of the three run-out stresses per condition is reported as the fatigue strength. All failures 
occurred at the tangency of the 3.18 mm radius indicated in Figure 7.2 where the theoretical 
stress concentration factor is approximately 1.3 [7.18]. 
 
7.2.3 Scanning Electron Microscopy (SEM) 
SEM was used to perform fractographic analysis on failed fatigue specimens. A FEI 
Helios 600i SEM was used with a beam energy of 5 keV, a beam current of 1.4 nA, and a 
working distance of 4 mm. Secondary electron (SE) and backscatter electron (BSE) detectors 
were both used. 
7.2.4 Hardness Testing 
Cross sections were taken from core and nitrided fatigue specimens and 
metallographically prepared prior to hardness testing. Hardness testing was performed on a 
LECO® AMH55 Automatic Hardness Testing System with a LM110AT Micro-indenter unit 
using a 100 gmf load. All indents were spaced at least 100 m apart, and the closest indents to 





Radius 3.18 mm (0.125 in)
8.89 mm 
(0.350 in) 




Figure 7.2  Dimensions of the modified Brügger bending fatigue specimen. 
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the nitrided surface were placed 50 m below the interface of the compound layer and diffusion 
zone. Hardness as a function of distance below the surface, or hardness profiles were measured 
for each sample. Figure 7.3 illustrates how maximum case hardness and case depth were 
determined. Core hardness was determined by measuring the hardness in the center of nitrided 
specimens as well as measuring the hardness of core specimens. Case depth was determined by 
first calculating an upper limit of the core hardness, which is equal to the mean core hardness 
plus three times a pooled standard deviation. The upper limit of the core hardness used was 
37.5 HV above the mean core hardness. The depth below the surface having a hardness greater 
than the upper limit of the core hardness was considered the case depth. Birky and Rowan 
reviewed multiple methods to specify case depth and noted that defining the case depth by a 
percent increase of the core hardness results in specifying shallower case depths with higher core 
hardness values. This method to determine case depth was also a representation of the depth of N 
diffusion and thus hardening below the surface [7.19]. 
 
7.2.5 X-ray Diffraction (XRD) Residual Stress Measurements 
Residual stress measurements were performed as described in Chapter 6. This section 
describes the methods used to obtain additional residual stress measurements as a function of 
depth below the surface. Samples were prepared for residual stress measurements by polishing 
Figure 7.3  Schematic diagram showing how maximum case hardness and case depth are 
determined from a hardness profile. The data shown are from HiSiHiV bainite. The symbols 
represent the mean of 13 measurements, and the bars are 95 pct confidence limits (CLs). 
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the nitride surface to 50 m below the compound layer finishing with 1200 grit SiC paper. The 
residual stress was measured after mechanical polishing and again after electropolishing with a 
30 pct NaCl aqueous solution at 4 V to remove another 50 m. Electropolishing and residual 
stress measurements were performed in 100 m increments to a depth of 450 m. The residual 
stress was measured in two perpendicular directions at each depth. Residual stress measurements 
were performed by Caterpillar Inc. A summary of compressive residual stress measurements as a 
function of depth below the surface is in Appendix B. 
7.3 Results 
The following sections describe the results of hardness testing, fatigue testing and 
fractography.  
7.3.1 Hardness After Nitriding 
The core hardness after nitriding as a function of V and Si content is shown in 
Figure 7.4(a) and (b) for bainite and martensite starting microstructures, respectively. Increases 
in V and Si contents result in higher core hardness values for both bainite and martensite, and 
martensite starting microstructures generally have higher core hardness values than bainite 
microstructures for a given alloy. Increases in V content lead to similar increases in core 
hardness between the two starting microstructures, but increases in Si content lead to greater 
increases in core hardness in bainite compared to martensite. Due to the larger increases in core 
hardness from increased Si content in bainite, there is a smaller difference in core hardness 
between martensite and bainite in the high Si conditions compared to low Si conditions. The 
variations in core hardness as a function of V content, Si content, and starting microstructure 
show similar trends to maximum case hardness described in Chapter 6. 
The nitride case depth as a function of V and Si content for bainite and martensite starting 
microstructures is shown in Figure 7.5(a) and (b), respectively. Increases in V content and 
starting microstructure have negligible effects on case depth. However, increases in Si content 
lead to significant decreases in case depth in bainite and martensite starting microstructures. 
Decreases in case depth with increasing Si content have been observed previously [7.14, 7.20]. 
Decreases in case depth generally result from increasing contents of strong nitride formers, and 
increases in nitride precipitation [7.21]. As shown in Chapter 6, increases in Si content result in 




          (a)           (b) 
 
  
          (a)           (b) 
Figure 7.4  Core hardness as a function of V and Si content for (a) bainite starting 
microstructures and (b) martensite starting microstructures. The symbols represent the mean of 
45 measurements, and the error bars are 95 pct CLs. 
Figure 7.5  Case depth as a function of V and Si content for (a) bainite starting microstructures 
and (b) martensite starting microstructures. The symbols represent the mean of 13 
measurements, and the error bars are 95 pct CLs. 
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7.3.2 Fatigue Performance 
Core fatigue strength as a function of V and Si contents is shown in Figure 7.6(a) and (b) 
for bainite and martensite starting microstructures, respectively. The fatigue strength is reported 
as a maximum stress, or sum of mean stress and stress amplitude at R= 0.1. Increases in V and Si 
contents generally increase the core fatigue strength, although larger increases in fatigue strength 
are observed in bainite compared to martensite microstructures. In particular, increases in V 
content result in negligible improvements in core fatigue strength in martensite, but the core 
fatigue strengths of the bainite conditions are improved by increases in V content. Overall, the 
core fatigue strengths of martensite microstructures are higher than bainite microstructures. 
However, there is a smaller difference in core fatigue strength between bainite and martensite 
microstructures in the high Si conditions compared to low Si conditions. The trends of increasing 
core fatigue strength generally correspond to trends in increasing core hardness with varying 
alloy content and starting microstructure.  
 
  
          (a)           (b) 
The influence of V and Si content on fatigue strength after nitriding is shown in 
Figure 7.7(a) and (b) for bainite and martensite microstructures, respectively. Increases in V and 
Si content lead to increases in fatigue strength after nitriding in bainite, as evidenced by LoSiHiV 
Figure 7.6  Core fatigue strength as a function of V and Si content for (a) bainite and (c) 
martensite starting microstructures. The symbols are the mean of 3 measurements, and the 
error bars are 95 pct CLs. 
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and HiSiLoV having higher fatigue strengths than LoSiLoV. However, the fatigue strength of 
HiSiHiV bainite is not significantly different than LoSiHiV or HiSiLoV bainite. Increases in V 
content lead to increases in fatigue strength in martensite, although increases in Si content result 
in smaller increases in fatigue strength compared to V content after nitriding.  LoSiLoV 
martensite has a higher fatigue strength than LoSiLoV bainite, but there is a smaller difference 
between the fatigue strength of bainite and martensite in the other conditions. The fatigue 
strength of HiSiLoV martensite is slightly lower than the fatigue strength of HiSiLoV bainite 
although the difference is not statistically significant. 
  
          (a)           (b) 
7.3.3 Fractography 
Fractographic analysis was performed in order to evaluate the failure mode for each 
condition. The specimens exhibit either surface or subsurface initiated failure. Figure 7.8 shows 
SEM micrographs of a LoSiHiV martensite specimen tested at a maximum stress of 1675 MPa 
that failed by surface initiation after 5.4 x 103 cycles. The overall sequence of failure is shown in 
Figure 7.8(a). An arrow points to the location where overload fracture initiates at the surface, 
followed by overload of the rest of the case region, stable fatigue crack growth in the core, and 
finally overload of the core region. Figure 7.8(b) shows a higher magnification micrograph of the 
initiation location at the surface where a non-metallic inclusion is observed. It should be noted 
Figure 7.7  Fatigue strength after nitriding as a function of V and Si content for (a) bainite and 
(c) martensite starting microstructures. The symbols are the mean of 3 measurements, and the 
error bars are 95 pct CLs. 
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that inclusions are not observed at the initiation locations for all specimens that failed by surface 
initiation. The typical surface failure location corresponds to the stress concentration of the notch 
in the specimen shown in Figure 7.2. In cases where no inclusion is observed, radial lines in the 
case fracture surface generally point towards the surface indicating overload fracture initiation at 
multiple locations. Figure 7.8(c) shows a mixture of cleavage facets and micro-void coalescence 
at the edges of the cleavage facets in the case region. This mixed mode fracture, commonly 
referred to as “quasi-cleavage,” indicates overload fracture rather than fatigue crack growth. 
Intergranular fracture is also observed in the overload region of the case, which is also an 
overload fracture mechanism. Quasi-cleavage and intergranular fracture are commonly observed 
in the nitride case region after fatigue testing [7.22, 7.23]. Figure 7.8(d) shows striations, which 
indicate Stage II stable fatigue crack growth in the core region. The overload region of the core 
generally contains a mixture of cleavage, micro-void coalescence and intergranular fracture. 
Representative micrographs of a subsurface initiated failure are shown in Figure 7.9 for a 
specimen of HiSiLoV bainite tested at 1700 MPa maximum stress that failed after 2.8 x 106 
cycles. The overall sequence of failure, as shown by Figure 7.9(a), is subsurface fatigue crack 
initiation at a nonmetallic inclusion often called a “fish-eye” pattern, followed by overload of the 
case region, stable fatigue crack growth in the core, and finally overload of the core. 
Figure 7.9(b) shows a higher magnification micrograph of the subsurface initiation location at an 
elongated nonmetallic inclusion. The subsurface initiation site is located approximately 330 m 
below the surface of the polished fatigue specimen, which corresponds to the core. In general, 
subsurface initiation is observed in the core or at the case/core interface. Figure 7.9(c) shows 
quasi-cleavage in the case region indicating overload fracture. Intergranular fracture is also 
observed in the case. Figure 7.9(c) shows fatigue striations in the stable fatigue crack growth 
region of the core. Mixtures of cleavage, micro-void coalescence, and intergranular fracture are 
observed in the overload region of the core. 
The failure mode of core specimens was also evaluated by SEM fractography. Core 
fatigue specimens fail by either initiation at the surface or subsurface initiation at non-metallic 
inclusions near the surface. In both cases, stable fatigue cracks grow from the initiation site in a 
semicircular shape until overload occurs. The stable crack growth regions show similar fatigue 
striations as shown in Figure 7.8(d) and 7.9(d). The overload regions show a combination of 
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cleavage, micro-void coalescence, and intergranular fracture as observed in the core overload 
regions of nitrided samples 
  
          (a)           (b) 
  
          (c)           (d) 
Figure 7.8  SEM SE micrographs of a specimen of LoSiHiV martensite tested at a maximum 
stress of 1675 MPa that failed at the surface by case overload after 5.4 x 103 cycles. (a) Low 
magnification micrograph showing case overload, stable crack growth, and core overload. An 
arrow points to the origin of case overload. (b) Higher magnification of the origin of case 
overload. An arrow points to a non-metallic inclusion at the surface. (c) Quasi-cleavage in the 





          (a)           (b) 
  
          (c)           (d) 
 
Figure 7.9  SEM micrographs of a specimen of HiSiLoV bainite tested at 1700 MPa maximum 
stress that failed by subsurface initiation after 2.8 x 106 cycles. (a) Low magnification SEM 
BSE micrograph showing subsurface initiation at a non-metallic inclusion, case overload, 
stable crack growth, and core overload. An arrow points to the non-metallic inclusion, and a 
dashed circle locates the “fish-eye” pattern of the subsurface initiation site. (b) Higher 
magnification SEM BSE micrograph of the fish-eye subsurface initiation site. An arrow points 
to a non-metallic inclusion. (c) Quasi-cleavage in the case overload region. (d) Fatigue 
striations in the stable crack growth region indicated by arrows. 
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Table 7.1 summarizes the failure modes observed in nitrided specimens tested within 
50 MPa above the fatigue strength. Generally, if subsurface initiation occurs, it is observed at 
lower stresses near the fatigue strength.  Surface initiation occurs more often at higher stress 
values above the fatigue strength. All conditions fail by surface initiation at or below a maximum 
stress of 1800 MPa. 
7.4 Discussion 
The following section discusses improvements in fatigue strength after nitriding in 
relation to increases in core fatigue strength and compressive residual stress from alloying with 
V and Si. A comparison of the current results to other nitrided medium carbon steels is also 
discussed. 
7.4.1 Influences of Residual Stress and Core Fatigue Strength on Fatigue Strength after 
Nitriding 
The two primary failure modes observed in fatigue testing after nitriding are initiation at 
the surface by case overload or subsurface fatigue crack initiation in the core at inclusions. Thus, 
the fatigue strength after nitriding is related to either the applied stress at which the case 
overloads or the stress at which fatigue cracks initiate subsurface. Moreover, increases in the 
fatigue strength after nitriding must be accompanied by either increases in the stress for case 
overload or increases in the stress to initiate fatigue cracks subsurface. Thus, the applied stress 
profile from the surface through the thickness of fatigue specimens was analyzed in conjunction 
with the influences of V and Si content on compressive residual stress below the surface, and 
core fatigue strength, to elucidate differences in fatigue strength between conditions.  
Table 7.1  Failure Initiation Locations at Stresses Within 50 MPa Above the Fatigue Strength 
after Nitriding 
Condition Failure Location(s) 
LoSiLoV Bainite Subsurface 
LoSiHiV Bainite Surface and Subsurface 
HiSiLoV Bainite Subsurface 
HiSiHiV Bainite Surface and Subsurface 
LoSiLoV Martensite Surface 
LoSiHiV Martensite Surface 
HiSiLoV Martensite Subsurface 
HiSiHiV Martensite Surface and Subsurface 
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The applied stress at which case overload occurs is affected by the fracture resistance of 
the case region and the magnitude of compressive residual stress at the surface. The fracture 
resistance of the case region for each condition is evaluated by calculating the lowest net stress at 
which case overload is observed. The net stress is taken as the sum of the applied stress at which 
failure is initiated by case overload and the compressive residual stress at the surface presented 
in Chapter 6. The lowest or minimum net stress observed to cause failure by case overload as a 
function of V and Si content is shown in Figure 7.10(a) and (b) for bainite and martensite 
microstructures, respectively. The minimum net stress to initiate failure by case overload is not 
significantly different between LoSiLoV, LoSiHiV, and HiSiLoV in either microstructure. 
Furthermore, starting microstructure does not significantly influence the net stress for case 
overload. However, HiSiHiV bainite and HiSiHiV martensite show lower net stresses to initiate 
case overload compared to the other conditions. It is likely that the strengthening mechanisms, 
such as nitride precipitation strengthening, that lead to increases in maximum case hardness 
discussed in Chapter 6 result in a loss of toughness. Genel et al. also observed surface initiated 
failure in ion nitrided AISI 4140 at net stresses ranging from 750 – 850 MPa which is within the 
range of data in Figure 7.10 indicating the conditions evaluated here are not grossly embrittled 
relative to commonly nitrided medium carbon steels [7.9]. Therefore, increases in the applied 
stress to cause failure by case overload observed in conditions with higher fatigue strengths after 
nitriding must be due to increases in the magnitude of compressive residual stress. The stress at 
which fatigue cracks initiate subsurface in the core of nitrided samples can be estimated by the 
fatigue strength of core specimens. Because inclusions initiate failure in nitrided specimens as 
well as in core specimens, the fatigue strength of core specimens is assumed to represent the 
fatigue strength of the core region of nitrided specimens. 
The influence of the magnitude of compressive residual stress at the surface and core 
fatigue strength on failure location can be predicted by considering the net stress distribution 
below the surface of nitrided fatigue specimens as shown in Figure 7.11. The net stress is 
calculated as the sum of the applied stress profile and residual stress profile measured by XRD. 
The applied stress profile is assumed to vary linearly from the highest stress at the surface to a 
value of zero at the center of the specimen. Surface initiation is expected if the net stress at the 
surface is within the range observed to cause case overload, and subsurface initiation is expected 
if the net stress in the core is within the range of the core fatigue strength. 
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          (a)           (b) 
 
Figure 7.11  Representative example of the calculation of a net stress profile from an applied 
stress and measured residual stress profile. The applied stress profile is calculated assuming 
bending conditions with 1650 MPa maximum stress at the surface. The residual stress profile is 
from HiSiLoV bainite. The net stress is the sum of the applied and residual stresses. 
 
Figure 7.10  The lowest net tensile stress observed to initiate failure at the surface of nitrided 
fatigue specimens as a function of V and Si content for (a) bainite and (b) martensite starting 
microstructures. The value of net stress is calculated by the sum of the applied stress at the 
surface and the compressive residual stress at the surface. The symbols represent a single 
measurement of the lowest applied stress, and the bars are 95 pct CLs from residual stress 
measurements. 
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Figure 7.12 shows examples of net stress distributions below the surface of nitrided 
fatigue specimens that predict the failure location(s) near the fatigue strength after nitriding 
(Table 7.1). The plots in Figure 7.12 are similar to Woodvine diagrams that have been used to 
predict the failure location in other surface hardening processes such as carburizing [7.29], shot 
peening [7.25], and induction hardening [7.26]. Figure 7.12(a) shows the net stress distribution 
below the surface of a fatigue specimen of nitrided LoSiLoV martensite with a maximum applied 
stress of 1538 MPa, which corresponds to the reported fatigue strength. The net stress in the core 
is below the fatigue strength of the core, suggesting that subsurface initiation is unlikely. 
However, the net stress at the surface is within the range of net stress values expected to cause 
surface initiation by case overload, which is the primary failure location near the fatigue strength 
after nitriding. Figure 7.12(b) shows the net stress distribution below the surface of a fatigue 
specimen of nitrided HiSiHiV martensite with a maximum applied stress of 1691 MPa at the 
surface. The net stresses at the surface and in the core are within the ranges for surface initiation 
and subsurface initiation, respectively. Figure 7.12(c) shows the net stress distribution of 
HiSiLoV bainite, which exhibits primarily subsurface fatigue crack initiation near the fatigue 
strength. The net stress at the surface is below the range of values observed to cause surface 
initiation, but the net stress in the core is well above the core fatigue strength indicating the 
likelihood of subsurface initiation. In general, the failure locations of conditions shown in Table 
7.1 can be interpreted based on the net stress distribution in relation to the net stress to cause case 
overload and the core fatigue strength. 
The importance of both core fatigue strength and compressive residual stress at the 
surface is illustrated in Figure 7.12. In order to improve the fatigue strength after nitriding, 
increases in the magnitude of compressive residual stress and core fatigue strength must be 
balanced. For example, if only the core fatigue strength of LoSiLoV martensite shown in 
Figure 7.12(a) is increased, failure would continue to occur at the surface, and the fatigue 
strength after nitriding would likely not improve. The addition of V and Si to LoSiLoV 
martensite results in increases in compressive residual stress and core fatigue strength leading to 
the improved fatigue strength of HiSiHiV martensite, despite the lower fracture strength of the 










Figure 7.12  Distribution of net stress below the surface of a fatigue specimen of (a) nitrided 
LoSiLoV martensite with an applied stress of 1583 MPa at the surface, (b) nitrided HiSiHiV 
martensite with an applied stress of 1691 MPa at the surface, and (c) nitrided HiSiLoV bainite 
with 1658 MPa applied stress at the surface. The applied stress at the surface corresponds to 
the fatigue strength after nitriding. The solid lines are mean values and the dashed lines are 95 
pct CLs. The net stress is calculated as the sum of the applied stress and the compressive 
residual stress as a function of depth below the surface. 
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A similar analysis can be employed to understand the minor influence of starting 
microstructure on fatigue performance after nitriding for HiSiLoV, LoSiHiV, and HiSiHiV. For 
example, LoSiHiV bainite is limited by both subsurface and surface initiated failure near the 
fatigue strength after nitriding. The increase in core fatigue strength in LoSiHiV martensite 
compared to LoSiHiV bainite results in primarily surface crack initiation in nitrided LoSiHiV 
martensite. Because the compressive residual stress at the surface is not influenced by starting 
microstructure, the increase in fatigue strength of LoSiHiV martensite compared to LoSiHiV 
bainite after nitriding is small. The core fatigue strength of HiSiHiV is not significantly different 
between bainite and martensite microstructures, so no differences in fatigue strength after 
nitriding based on starting microstructure are expected. Considering that nitrided HiSiLoV 
bainite and HiSiLoV martensite are both limited by subsurface initiation, and HiSiLoV 
martensite has a higher core fatigue strength, it would be expected that nitrided HiSiLoV 
martensite would have a higher fatigue strength. However, the fatigue strengths of nitrided 
HiSiLoV martensite is not significantly higher than HiSiLoV bainite. At hardness values in 
excess of 400 HV, the fatigue strength becomes increasingly sensitive to inclusion size. With 
higher hardness levels, higher cyclic stresses can be experienced with minimal plasticity, but the 
higher stresses result in smaller defects such as inclusions being capable of causing growth of 
fatigue cracks [7.27]. Accordingly, with increasing core hardness, diminishing improvements in 
core fatigue strength are expected.  
The only condition where starting microstructure has a significant influence on fatigue 
strength after nitriding is LoSiLoV. Nitrided LoSiLoV bainite exhibits primarily subsurface 
fatigue crack initiation near the fatigue strength whereas nitrided LoSiLoV martensite fails 
primarily by surface initiation near the fatigue strength. The higher core hardness and core 
fatigue strength of the martensite starting microstructure compared to the bainite microstructure 
shifts the failure location from subsurface to overload of the case. As a result, the fatigue strength 
of nitrided LoSiLoV martensite is higher than LoSiLoV bainite. 
7.4.2 Comparison of Fatigue Performance to Literature Data 
Most published works regarding the fatigue performance of medium carbon steels after 
nitriding report the results of testing performed at R= -1, whereas the fatigue testing reported 
here was performed at R= 0.1. In order to compare the current results to literature data, the 
effects of mean stress are accounted for by using the Goodman relation, 
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𝜎𝑎𝑅=−1 = 𝜎𝑎𝑅=0.11 − (𝜎𝑚𝑅=0.1𝜎𝑈𝑇𝑆 ) (7.1) 
where 𝜎𝑎𝑅=−1 is the stress amplitude at R= -1; 𝜎𝑎𝑅=0.1 is the stress amplitude at R= 0.1; 𝜎𝑚𝑅=0.1 is 
the mean stress at R= 0.1; and 𝜎𝑈𝑇𝑆 is the ultimate tensile strength [7.28]. The ultimate tensile 
strength (UTS) of core specimens was estimated from hardness values using data extracted from 
Krauss [7.29]. Above hardness values of approximately 550 HV (52 HRC), there is not a linear 
correlation between hardness and UTS for steels due to embrittlement commonly observed at 
high hardness levels. Therefore, the UTS for the case microstructure of nitrided specimens was 
not calculated based on the hardness. Instead, the applied stress at or below which all conditions 
exhibited surface failure by case overload, 1800 MPa, is assumed to be the UTS for nitrided 
samples. A plot, adapted from Krauss, of the correlation between hardness and UTS or peak 
stress before brittle fracture for medium carbon steels is shown in Figure 7.13. In the hardness 
range of 52 – 62 HRC (550 – 750 HV), there is a large variation in the values of UTS or peak 
stress before brittle fracture [7.29].  
 
Figure 7.13  Correlation of hardness to ultimate tensile strength or peak stress before brittle 
fracture for medium carbon steels heat treated to form martensite and tempered to various 
hardness values. Below a hardness of 53 HRC, the values correspond to the ultimate tensile 
strength of a tensile specimen that shows necking and ductile fracture. Above a hardness of 53 
HRC, the values correspond to the highest stress before brittle fracture occurs. Adapted from 
Krauss [7.29]. The bar indicates the assumed peak stress before brittle fracture of 1800 MPa 
for the nitride case. 
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A value of 1800 MPa is in the upper range of reported values for peak stress before brittle 
fracture based on the range of case hardness after nitriding shown in Figure 5.13. According to 
Equation 7.1, a high value of UTS results in a low estimate of the stress amplitude at R= -1. 
Therefore, an estimated UTS (or peak stress before brittle fracture) of 1800 MPa for the nitride 
case results in a conservative comparison of the current fatigue results to literature. The use of 
the lowest applied stress at which case overload occurs after nitriding would result in a less 
conservative calculation of the fatigue strength at R= -1 after nitriding, so these values were not 
used. Similarly, using the lowest net stress at which case overload occurs would also result in a 
non-conservative comparison to literature data. Furthermore, fatigue strengths reported in 
literature are applied stress values and are not adjusted for the magnitude of compressive residual 
stress at the surface. 
The values of maximum case hardness, case depth, core fatigue strength and fatigue 
strength after nitriding for all of the conditions evaluated in the present work are added to 
compilations of data from literature shown in Figure 7.1. Figure 7.14(a) shows correlations of 
maximum case hardness to fatigue strength after nitriding for the current results along with 
values from literature. Increases in maximum case hardness correlate with increases in fatigue 
strength within the current results, but numerous data sets from literature have higher case 
hardness values and lower fatigue strengths. Figure 7.14(b) shows correlations of fatigue strength 
after nitriding to normalized case depth. The normalized case depth from the present results are 
in the middle to low end of literature values despite the current fatigue strengths being 
significantly higher than reported in literature. In fact, within the dataset from the current results, 
lower fatigue strengths after nitriding correlate to deeper normalized case depths. Figure 7.14(c) 
shows correlations of fatigue strength after nitriding and core fatigue strength. The current results 
fit with the trend from literature datasets, which indicate that increases in core fatigue strength 
result in higher fatigue strengths after nitriding. Therefore, based on the correlations shown in 
Figure 7.14, the superior fatigue performance of the conditions evaluated in the present study 
compared to the data in literature is due, in part to higher core fatigue strength. However, as 
previously discussed, increases in compressive residual stress in addition to increases in core 
fatigue strength contribute to the higher fatigue strengths in the current results.   
 141 
  
          (a)           (b) 
 
     (c) 
The majority of the data from literature indicate that failures near the fatigue strength 
occur by subsurface initiation at inclusions in the core or case/core interface. Therefore, it is 
expected that increases in core fatigue strength should result in improvements in fatigue strength 
after nitriding. Because the majority of studies in the literature evaluate fatigue strength by 
testing at R= -1, or a mean stress of zero, the maximum stress at the surface is lower for a given 
Figure 7.14  Fatigue strength after nitriding as a function of (a) maximum case hardness, (b) 
normalized case depth, and (c) core fatigue strength. Data taken from Alsaran et al. [7.6], Sirin 
et al. [7.7], Celik et al. [7.8], Genel et al. [7.9], Woolman et al. [7.10], and the current results. 
The fatigue strength values from the current results are calculated from fatigue testing 
conducted at R= 0.1. 
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stress amplitude compared to testing at R= 0.1. As a result, failure by case overload generally 
requires stresses much higher than the fatigue strength when fatigue testing at R= -1. 
Accordingly, increases in the magnitude of surface compressive residual stress likely do not have 
as large of an influence on the fatigue strength when testing at R= -1 compared to testing at 
R= 0.1. However, with increasing core fatigue strength, increasing mean stress, or increasing 
notch severity, failure at the surface is expected to occur at stresses closer to the fatigue strength, 
and the magnitude of compressive residual stress likely becomes a more important factor 
influencing the fatigue strength after nitriding.  
7.4.3 Industrial Implications of Improved Fatigue Performance from V and Si Alloying 
It is common industrial practice to heat treat medium carbon steels to form high 
temperature tempered martensite prior to nitriding. Cost and process time savings could be 
realized if nitriding could be performed in the as-forged condition with a bainite microstructure, 
provided the fatigue performance after nitriding is not significantly reduced. Figure 7.7 shows 
that LoSiLoV bainite has a lower fatigue strength after nitriding compared to LoSiLoV 
martensite. Figure 7.7 also shows that additions of V and Si increase the fatigue performance of 
bainite microstructures such that HiSiLoV, LoSiHiV, and HiSiHiV bainite all have higher 
fatigue strengths than LoSiLoV martensite after nitriding. Therefore, additions of V and Si may 
provide sufficient increases in fatigue performance after nitriding to enable steels to be nitrided 
in the as-forged condition. The current results provide a proof of concept for the development of 
more advanced nitriding steels that can be processed with lower costs and shorter process times. 
7.5 Conclusions 
The influence of V and Si content on nitriding characteristics and fatigue performance of 
medium carbon steels with martensite and bainite microstructures was investigated using 
hardness testing, x-ray diffraction residual stress measurements, and cantilever bending fatigue 
testing. The study produced the following conclusions: 
• Increases in V and Si contents result in higher core hardness, higher core fatigue strength, 
higher maximum case hardness, and larger magnitudes of compressive residual stress 
after nitriding.  
• The primary failure crack initiation modes observed in nitrided fatigue specimens are 
surface initiation by case overload and subsurface fatigue crack initiation in the core. 
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• The combination of larger magnitudes of compressive residual stress and higher core 
fatigue strength in the present study result in improved fatigue performance after nitriding 
compared to other nitrided medium carbon steels reported in literature. 
• The improvements in fatigue performance by alloying with V and Si may allow for 
nitriding to be performed in the as-forged condition resulting in decreased costs and 
processing time. 
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STRENGTHENING MECHANSIMS AND FATIGE STRENGTH OF CORE 
MICROSTRUCTURES  
 
This chapter presents the predictions of a microstructure based hardness model related to 
the strengthening mechanisms influenced by V content, Si content, and starting microstructure in 
the core. The predictions of the model are correlated to increases in core fatigue strength. Data 
used in the model and fatigue strength values of core microstructures have been presented in 
previous chapters.  
8.1 Microstructure Based Hardness Model for Core Regions after Nitriding 
Data pertaining to subgrain size, cementite size and dislocation density that apply to both 
core and case regions presented in Chapter 6 are used to predict the influence of V content, Si 
content and starting microstructure on core hardness after nitriding. However, no measurements 
of MX volume fraction were performed in the core region after nitriding. MX volume fraction 
measurements were made after tempering at 650 °C which is reported in Chapter 4. In order to 
determine if MX volume fraction measurements in Chapter 4 can be used to estimate the values 
in the core region after nitriding, data related to the increase in hardness from an increase in V 
content after tempering are shown in Figure 8.1. Increases in hardness from an increase in V 
content are calculated by the difference in hardness between LoSiHiV and LoSiLoV with 
martensite or bainite microstructures. Because the increase in hardness from an increase in V 
content is found to not be significantly different between bainite or martensite, data for both 
microstructures are averaged together in Figure 8.1. As discussed in Chapter 4, there is a larger 
increase in hardness from an increase in V content at higher tempering temperatures due to 
greater amounts of MX precipitation. The increase in hardness from an increase in V content 
after tempering plus the nitriding thermal cycle which is 525 °C for 18 h is also shown in 
Figure 8.1. The increase in hardness from an increase in V content after tempering plus the 
nitriding thermal cycle is calculated in the same way as for the hardness data after tempering. 
The increase in hardness from an increase in V content after tempering at 500 °C plus the 
nitriding thermal cycle is not significantly different from the increase in hardness after tempering 
at 650 °C for 1 h. It is interpreted that MX precipitation occurs during the nitriding thermal 
cycle, and the magnitude of precipitation strengthening evaluated during tempering at 650 °C for 
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1 h can be used as an estimate for alloys with the same V content after tempering at 500 °C for 
1 h plus the nitriding thermal cycle. It is also assumed, based on measurements noted in 
Chapter 5, that Si content does not significantly affect MX precipitation; that is, MX volume 
fractions and sizes are the same for LoSiLoV and HiSiLoV and also the same for LoSiHiV and 
HiSiHiV.  
 
Similar to the strength model used in Chapter 4 to describe influences of V content on the 
increases in hardness after tempering, Figure 8.2 shows model results that predict the increases in 
hardness from increases in V content for the core region of each condition after nitriding. 
Generally, increases in V content result in increases in MX precipitation strengthening as well as 
increases in dislocation density. Similar to the model predictions after tempering, MX 
precipitation strengthening is predicted to be the dominant contribution to the increase in 
hardness from an increase in V content. 
 
Figure 8.1  Increase in hardness from an increase in V content after tempering and after 
tempering plus the nitriding thermal cycle a function of tempering temperature. The increase 
in hardness is calculated as the difference in hardness between LoSiHiV and LoSiLoV. The 
symbols represent the mean of 30 measurements, and the error bars represent 95 pct CLs. 
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A microstructure based hardness model, similar to the one used in Chapter 5 to predict 
the contributions of Si content to increases in hardness during tempering is used to predict the 
influences of Si content on the hardness in the core region after nitriding. Figure 8.3 shows that 
increases in Si content primarily increase the hardness of the core region after nitriding by 
increased solid solution strengthening. In bainite microstructures, increases in Si content also 
result in finer subgrain sizes and finer cementite. An increase in dislocation density with an 
increase in Si content is only observed in high V martensite. Generally, model predictions for the 
effects of Si on core hardness after nitriding are similar to the effects of Si after tempering shown 
in Chapter 5.   
Differences in microstructural characteristics between martensite and bainite were used to 
predict the factors that contribute to martensite having a higher core hardness compared to 
bainite. Model predictions and measured results are shown in Figure 8.4. Based on model 
predictions, the primary contributor to the martensite microstructures having a higher hardness 
than bainite is the finer subgrain size in martensite. The influence of finer cementite observed in 
martensite compared to bainite in the low Si conditions makes a minor contribution. 
Figure 8.2  Predicted and experimentally measured increases in core hardness after nitriding 
from increases in V content for low and high Si martensite and bainite. Values are based on 
differences in hardness and microstructural features between low and high V contents for each 
condition. The magnitude of MX precipitations strengthening is estimated from tempering data 





Figure 8.3  Predicted and experimentally measured increases in core hardness after nitriding 
from increases in Si content for low and high V martensite and bainite. Values are based on 
differences in hardness and microstructural features between low and high Si contents for each 
condition. The error bars represent 95 pct CLs. 
Figure 8.4  Predicted and experimentally measured differences in core hardness after nitriding 
between martensite and bainite. Values are based on differences in hardness and 
microstructural features between bainite and martensite for each condition. The error bars 
represent 95 pct CLs. 
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8.2 Correlations of Strengthening Mechanisms to Increases in Core Fatigue Strength 
Increases in core fatigue strength presented in Chapter 7 are correlated with increases in 
hardness resulting from higher V contents, higher Si contents and different starting 
microstructures in Figure 8.5. Increases in core hardness from higher Si contents and martensite 
versus bainite starting microstructures result in larger increases in core fatigue strength compared 
to increases in hardness from higher V contents. Figure 8.3 shows that the primary contributor to 
increases in hardness from higher Si contents are predicted to be due to increased solid solution 
strengthening. Figure 8.4 indicates that the primary contributor to martensite having a higher 
hardness in the conditions evaluated is predicted to be the finer subgrain size in martensite 
compared to bainite. According to Figure 8.2, higher V contents are predicted to result in 
increased MX precipitation strengthening. Figure 8.5 shows that increased MX precipitation 
strengthening correlates to smaller improvements in fatigue strength compared to increased solid 
solution strengthening and decreased subgrain size (martensite versus bainite staring 
microstructures). 
 
Figure 8.5  Correlations of increases in core hardness to increases in core fatigue strength. 
Data for increases in Si content, V content, and martensite versus bainite microstructures are 
averaged from all conditions evaluated. The symbols represent the mean of 45 hardness 
measurements and 3 fatigue strength measurements for each condition. The bars are 95 pct 




The influence of strengthening mechanisms on improvements in fatigue strength might 
be related to the stability of a given mechanism in cyclic loading. Generally, lower hardness 
conditions tend to cyclically strain harden while harder conditions tend to cyclically strain soften. 
[8.1, 8.2]. Cyclic softening can be interpreted as the resistance to dislocation motion 
progressively decreasing with cyclic loading. According to Equation 2.1, a decrease in the 
resistance to dislocation glide results in a lower applied shear stress to nucleate a fatigue crack. 
Therefore, softening during cyclic loading would result in lower fatigue performance relative to 
what would be expected from hardness measurements obtained prior to loading. It is possible 
that the increases in hardness from increased Si solid solution strengthening and subgrain 
refinement are more stable in cyclic loading compared to MX precipitation strengthening, which 
would result in greater improvements in fatigue strength with subgrain size and solid solution 
strengthening. In other words, the increase in hardness from increased MX precipitation 
strengthening may deteriorate with cyclic loading. Very little data exist that systematically 
evaluate the stability of various strengthening mechanisms in steels during cyclic loading. 
Therefore, the question regarding the cyclic stability of the strengthening mechanisms discussed 
here remains open. 
 Failure in core fatigue specimens was observed to be initiated by inclusions as well as at 
the surface without inclusions. Stress intensity ranges, or K values were calculated for core 
fatigue specimens that failed by initiation at inclusions with equations from Murakami et al. 
[8.3], 
 𝐾 = 0.65𝜎𝑛𝑒𝑡𝑖𝑛𝑐𝑙𝑢𝑠𝑖𝑜𝑛(𝜋√𝑎𝑟𝑒𝑎𝑠𝑢𝑟𝑓𝑎𝑐𝑒)12 𝐾 = 0.5𝜎𝑛𝑒𝑡𝑖𝑛𝑐𝑙𝑢𝑠𝑖𝑜𝑛(𝜋√𝑎𝑟𝑒𝑎𝑠𝑢𝑏𝑠𝑢𝑟𝑓𝑎𝑐𝑒)12 (8.1a) (8.1b) 
where 𝜎𝑛𝑒𝑡𝑖𝑛𝑐𝑙𝑢𝑠𝑖𝑜𝑛 is the net stress at an inclusion that initiates fatigue failure; 𝑎𝑟𝑒𝑎𝑠𝑢𝑟𝑓𝑎𝑐𝑒 is the 
area of the surface inclusion measured on a fracture surface; and 𝑎𝑟𝑒𝑎𝑠𝑢𝑏𝑠𝑢𝑟𝑓𝑎𝑐𝑒 is the area of a 
subsurface inclusion measured on a fracture surface. For core specimens, the applied stress is 
equal to the net stress. The applied stress was assumed to linearly vary from the highest value at 
the surface to zero at the center of the specimen. In the instance of an inclusion below the 
surface, the applied stress at the depth of the inclusion was calculated. Because testing was 
performed at R= 0.1, the assumed applied stress range was 0.9 of the highest stress at the 
inclusion. Net stress ranges, measurements of inclusion areas from fracture surfaces, and 
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Equations 8.1a and 8.1b were used to calculate K values that result in fatigue crack growth. 
Appendix E shows examples of surface and subsurface inclusions as well as details of each 
calculation. The K values for the various conditions of core specimens range from 
3.6 – 6.1 MPa m0.5. Similar calculations were performed for nitrided samples that failed by 
subsurface fatigue crack initiation. The magnitude of compressive residual stress at the inclusion 
location was taken into account when calculating the net stress range. The K values for the 
various nitrided conditions range from 4.6 – 5.5 MPa m0.5. Both ranges overlap with typical 
values of K calculated from failed fatigue specimens and Kth values from fatigue crack 
growth testing of medium carbon steels [8.4 – 8.7]. Furthermore, a distinct difference in K 
values as a function of alloying content or starting microstructure was not observed. Therefore, 
differences in the improvement of core fatigue strength with different strengthening mechanisms 
shown in Figure 8.5 cannot be accounted for by fatigue crack growth considerations. Further 
investigations into the role of varying strengthening mechanisms on fatigue strength 
improvements are suggested in the future work chapter. 
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CHAPTER 9  
SUMMARY & CONCLUSIONS 
 
The influence of V and Si content on the nitriding characteristics and fatigue performance 
of a series of experimental medium carbon steels with martensite and bainite starting 
microstructures was investigated. The following conclusions are summarized in response to the 
research questions described in Chapter 1. 
Research question 1: By what mechanisms do V (a strong nitride former) and Si 
(typically considered a solid solution strengthener) affect case hardness and compressive 
residual stress after nitriding? Do V and Si interact to affect properties of the nitride case? 
• Higher V contents increase case hardness primarily by increasing MX volume fractions 
leading to larger degrees of MX precipitation strengthening. Increased MX volume 
fractions also correlate with higher dislocation densities, but the strengthening 
contribution is minor compared to MX precipitation strengthening.  
• Higher Si contents increase case hardness primarily by increasing the volume fraction of 
(Si,Mn) nitrides leading to larger degrees of (Si,Mn) nitride precipitation strengthening. 
Higher Si contents also lead to increases in solid solution strengthening, and cementite 
refinement in bainite starting microstructures, but the strengthening contributions are 
minor compared to (Si,Mn) precipitation strengthening.  
• Increases in the volume fraction of MX from higher V contents and increases in the 
volume fraction of (Si,Mn) nitrides from higher Si contents both result in greater 
magnitudes of compressive residual stress after nitriding. 
• Increases in V and Si contents independently affect different mechanisms that contribute 
to case hardness and compressive residual stress. Si content does not affect MX 
precipitation and V content does not affect (Si,Mn) nitride precipitation. 
Research Question 2: By what mechanisms do V and Si affect fatigue performance 
after nitriding? 
• Increases in Si content result in higher core hardness values primarily through increased 
solid solution strengthening. Increases in Si content also lead to refinement in bainitic 
cementite. Increases in core hardness from increases in Si content lead to increases in 
core fatigue strength. Increases in V content result in higher core hardness values 
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primarily through increased MX precipitation strengthening. Increases in dislocation 
density are also observed with increases in V content, but the contribution of dislocations 
to the increases in core hardness are minor compared to MX precipitation strengthening. 
Increases in core hardness from increases in V content result in increases in core fatigue 
strength. 
• Increases in V and Si contents both lead to increased magnitudes of surface compressive 
residual stress after nitriding.  
• By analyzing the locations where fatigue specimens fail at stresses near the fatigue 
strength, it is determined that both increases in core fatigue strength and increases in 
compressive residual stress from increased V and Si contents result in increases in fatigue 
strength after nitriding. 
• Increases in fatigue strength from increases in V and Si result in superior fatigue 
performance compared to other nitrided medium carbon steels reported in literature. 
Research Question 3: Is fatigue performance after nitriding affected by having a 
bainite instead of a martensite starting microstructure? If so, by what mechanism(s)?  
• The fatigue performance of nitrided LoSiLoV martensite is superior to LoSiLoV bainite 
due to the higher core hardness and core fatigue strength in the martensite microstructure. 
The fatigue strength of nitrided LoSiLoV bainite is primarily limited by subsurface 
fatigue crack initiation. Due to its higher core fatigue strength, the fatigue strength of 
nitrided LoSiLoV martensite is primarily limited by surface failure initiated by case 
overload. 
• In general, the martensite microstructures have higher core fatigue strengths than the 
bainite microstructures for each alloy. However, upon nitriding, the magnitude of 
compressive residual stress is primarily controlled by the V and Si content. Thus, the 
surface residual stress is similar between bainite and martensite for each alloy after 
nitriding. With higher core fatigue strengths, the fatigue strength of martensite starting 
microstructures tends to be more limited by surface initiation by case overload after 
nitriding compared to bainite microstructures. Because the stress to cause surface 
initiated failure by case overload is similar between bainite and martensite 
microstructures, increased core fatigue strengths in martensite microstructures result in 
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negligible improvements in fatigue strength after nitriding compared to bainite 
microstructures for alloys with elevated amounts of V and Si.  
• The increases in core fatigue strength and compressive residual stress from additions of V 
and Si result in the fatigue performance of HiSiLoV, LoSiHiV and HiSiHiV with bainite 
microstructures to be superior to LoSiLoV with martensite microstructure after nitriding. 
This result provides a demonstration of concept for the development of more advanced 
steel alloys that can be nitrided in the as-forged condition (with a bainite microstructure) 






This chapter describes possible directions for future research projects based on the 
observations made in this project. 
• In order to continue with the development of lower processing cost nitriding steels, 
variations in Mn, Si, and Cr on a base composition of Fe-0.4C-1Mn-1Cr-0.7Si-0.25Mo-
0.1V could be investigated. Variations in Mn and Si content are suggested in order to 
determine the influence of composition on the hardness and residual stress resulting from 
the precipitation of amorphous (Si,Mn) nitrides. Fatigue tests performed in the as-forged 
and tempered condition prior to nitriding could be compared to the present results to 
confirm that nitriding can be performed without heat treating to form tempered martensite 
without significant fatigue debits. 
• In the present study, a dominant failure mode that limits the fatigue strength in many 
conditions is surface failure initiated by case overload. The applied stress for case 
overload can be increased by increasing the fracture resistance of the case microstructure 
and by increasing the magnitude of compressive residual stress. Thermomechanical 
processing to refine the austenite grain size during forging can be evaluated as a means to 
increase the fracture resistance in the case. Investigating various nitriding parameters and 
nitrogen contents at the surface can also be evaluated to modify fracture resistance of the 
case microstructure. Studies on increasing the magnitude of compressive residual stress 
could include modeling to determine optimal nitride precipitate characteristics (size, 
shape, volume misfit, etc.) for the generation of residual stress combined with 
experimental alloy production, nitriding, and residual stress measurements.  
• Chapter 8 highlighted that increases in hardness from various strengthening mechanisms 
translate to varying improvements in fatigue strength. The influence of different 
strengthening mechanisms on fatigue performance as well as fracture toughness are not 
well understood. Significant insight could be obtained by designing a series of alloying 
and processing strategies that systematically vary precipitation strengthening, solid 
solution strengthening, dislocation density, and grain/subgrain size refinement. Analyzing 
the results from hardness testing, stress controlled and strain controlled fatigue testing, 
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and fracture toughness testing could provide the basis for some detailed microstructural 
evaluations that could significantly contribute to the understanding of microstructure 




HARDNESS PROFILES AFTER NITRIDING 
 





Figure A.1  Hardness as a function of depth below the interface of the compound layer and 
diffusion zone after nitriding for (a) LoSiLoV, (b) LoSiHiV, (c) HiSiLoV and (d) HiSiHiV 
with a bainite starting microstructure. Symbols are the mean of 13 measurements, and the error 








Figure A.2  Hardness as a function of depth below the interface of the compound layer and 
diffusion zone after nitriding for (a) LoSiLoV, (b) LoSiHiV, (c) HiSiLoV and (d) HiSiHiV 
with a martensite starting microstructure. Symbols are the mean of 13 measurements, and the 








Figure A.3  Hardness as a function of depth below the interface of the compound layer and 
diffusion zone after nitriding for LoSiLoV-Cr with a (a) bainite and (b) martensite starting 




RESIDUAL STRESS PROFILES AFTER NITRIDING 
 
This appendix provides values of residual stress as a function of depth below the surface 





Figure B.1  Residual stress as a function of depth below a polished specimen for (a) LoSiLoV, 
(b) LoSiHiV, (c) HiSiLoV, and (d) HiSiHiV with a bainite starting microstructure. Polishing 
removed approximately 50 mm below the interface of the compound layer and diffusion zone. 





Figure B.2  Residual stress as a function of depth below a polished specimen of LoSiLoV 
martensite. Polishing removed approximately 50 mm below the interface of the compound 
layer and diffusion zone. Symbols are the mean of 2 measurements, and bars represent 













Figure C.1  Semi-log plots of maximum applied stress versus cycles for core and nitrided 
specimens of (a) LoSiLoV (b) LoSiHiV, (c) HiSiLoV, and (d) HiSiHiV with a bainite starting 
microstructure. Solid symbols represent failed samples and open symbols represent tests that 








Figure C.2  Semi-log plots of maximum applied stress versus cycles for core and nitrided 
specimens of (a) LoSiLoV (b) LoSiHiV, (c) HiSiLoV, and (d) HiSiHiV with a martensite 
starting microstructure. Solid symbols represent failed samples and open symbols represent 
tests that were stopped after 5 x 106 cycles. Surface or subsurface initiated failures for nitrided 







Figure C.3  Semi-log plots of maximum applied stress versus cycles for core and nitrided 
specimens of LoSiLoV-Cr with a (a) bainite and (b) martensite starting microstructure. Solid 
symbols represent failed samples and open symbols represent tests that were stopped after 5 x 






MICROSTRUCTURAL DATA USED FOR HARDNESS MODELS 
 
This appendix provides a summary of microstructural characterization data that is used 
for hardness models. Table D.1 pertains to Chapters 4 and 5, and Table D.2 pertains to Chapters 
6 and 8. Subgrain size is reported as the diameter of a circle with equivalent area as subgrains 
measured in EBSD. Cementite size is reported the diameter of a sphere with equivalent volume 
to particles measured with SEM. MX size is reported as the diameter of a sphere of equivalent 
volume to elongated particles observed in CTEM. The size of (Si,Mn) nitrides is reported as the 


















500 °C 1 h 
684 ± 31 69 ± 6.7 5.6 ± 0.9 7.0 ± 4.5 x 10-6 1.6 ± 0.2 
LoSiLoV B 
650 °C 1 h 
722 ± 31 113 ± 6.7 3.4 ± 0.3 2.2 ± 1.9 x 10-4 2.6 ± 0.2 
LoSiHiV B  
500 °C 1 h 
- 67 ± 6.7 7.9 ± 0.9 25.0 ± 4.5 x 10-6 1.6 ± 0.2 
LoSiHiV B 
650 °C 1 h 
739 ± 31 102 ± 6.7 4.4 ± 0.3 8.1 ± 1.9 x 10-4 2.6 ± 0.2 
HiSiLoV B 
500 °C 1 h 
516 ± 31 50 ± 6.7 7.5 ± 0.9 5.0 ± 4.5 x 10-6 1.6 ± 0.2 
HiSiLoV B 
650 °C 1 h 
583 ± 31 102 ± 6.7 2.7 ± 0.3 3.2 ± 1.9 x 10-4 2.6 ± 0.2 
LoSiLoV M  
500 °C 1 h 
454 ± 31 57 ± 6.7 5.9 ± 0.9 5.0 ± 4.5 x 10-6 1.6 ± 0.2 
LoSiLoV M 
650 °C 1 h 
484 ± 31 107 ± 6.7 1.6 ± 0.3 2.8 ± 1.9 x 10-4 2.6 ± 0.2 
LoSiHiV M  
500 °C 1 h 
- - 7.8 ± 0.9 17.0 ± 4.5 x 10-6 1.6 ± 0.2 
LoSiHiV M 
650 °C 1 h 
- - 2.9 ± 0.3 9.1 ± 1.9 x 10-4 2.6 ± 0.2 
HiSiLoV M 
500 °C 1 h 
432 ± 31 45 ± 6.7 7.6 ± 0.9 5.1 ± 0.5 x 10-6 1.6 ± 0.2 
HiSiLoV M 
650 °C 1 h  
470 ± 31 97 ± 6.7 1.9 ± 0.3 4.6 ± 1.9 x 10-4 2.6 ± 0.2 
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Table D.2  Quantitative Microstructural Data Used for Hardness Models of Maximum Case 



























LoSiLoV B  
Nitrided 
682 ± 36 70 ± 4.7 5.0 ± 0.8 5.0 ± 3.9 2.0 ± 0.1 7.0 ± 2.3 11.5 ± 0.15 
LoSiHiV B 
Nitrided 
715 ± 36 72 ± 4.7 6.7 ± 0.8 23.0 ± 3.9 2.0 ± 0.1 8.3 ± 2.3 11.5 ± 0.15 
HiSiLoV B  
Nitrided 
530 ± 36 44 ± 4.7 5.6 ± 0.8 9.4 ± 3.9 2.0 ± 0.1 25.1 ± 2.3 11.5 ± 0.15 
HiSiHiV B 
Nitrided 
589 ± 36 48 ± 4.7 7.2 ± 0.8 20.8 ± 3.9 2.0 ± 0.1 25.2 ± 2.3 11.5 ± 0.15 
LoSiLoV M  
Nitrided 
435 ± 36 59 ± 4.7 5.2 ± 0.8 5.4 ± 3.9 2.0 ± 0.1 6.2 ± 2.3 11.5 ± 0.15 
LoSiHiV M 
Nitrided 
396 ± 36 62 ± 4.7 6.9 ± 0.8 22.4 ± 3.9 2.0 ± 0.1 7.1 ± 2.3 11.5 ± 0.15 
HiSiLoV M  
Nitrided 
418 ± 36 50 ± 4.7 6.3 ± 0.8 8.7 ± 3.9 2.0 ± 0.1 23.3 ± 2.3 11.5 ± 0.15 
HiSiHiV M 
Nitrided  







CALCULATIONS OF K VALUES FROM INCLUSION INITIATED FATIGUE 
FAILURES 
 
This appendix provides a summary of calculations of K values for fatigue crack growth 
associated with inclusion initiated failures in core and nitrided samples. Table E.1 shows the 
pertinent values for the K calculations that are discussed in Chapter 8. An illustration of how 
inclusion area is calculated for surface and subsurface inclusions is shown in Figure E.1(a) and 
(b), respectively.  
Table E.1  Calculations of K Values from Inclusion Initiated Fatigue Failures 
 
Condition Inclusion Location 
Area0.5 
(m) 





LoSiLoV M Core Surface 19.2 1200 5.4 
LoSiLoV M Core Subsurface 15.5 1190 3.6 
LoSiHiV M Core Surface 17.3 1250 5.4 
LoSiHiV M Core Subsurface 22.7 1190 4.5 
HiSiLoV M Core Surface 10.9 1400 4.8 
HiSiLoV M Core Surface 11.0 1400 4.8 
HiSiHiV M Core Surface 14.5 1320 5.2 
LoSiLoV B Core Surface 19.5 1040 4.8 
LoSiHiV B Core Surface 16.1 1150 4.8 
HiSiLoV B Core Subsurface 20.2 1160 4.2 
HiSiLoV B Core Surface 24.5 1190 6.1 
HiSiLoV M Nitrided Subsurface 29.0 1290 5.5 
HiSiHiV M Nitrided Subsurface 22.7 1250 4.8 
LoSiHiV B Nitrided Subsurface 42.3 986 5.2 
HiSiLoV B Nitrided Subsurface 21.5 1330 4.9 










Figure E.1  SEM SE micrographs showing representative examples of how inclusion area is 
measured for a (a) surface inclusion and a (b) subsurface inclusion. 
 
 
